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Silicon carbide (SiC) continuous fiber-reinforced, SiC-matrix composites (SiC/SiC composites) are indus-
trially available materials that are promising for applications in nuclear environments. The SiC/SiC com-
posites consisting of near-stoichiometric SiC fibers, stoichiometric and fully crystalline SiC matrices, and
the pyrocarbon (PyC) or multilayered PyC/SiC interphase between the fiber and the matrix are considered
particularly resistant to very high radiation environments. This paper provides a summary compilation of
the properties of these composites, specifically those with the chemically vapor-infiltrated (CVI) SiC
matrices, including newly obtained results. The properties discussed are both in unirradiated condition
and after neutron irradiation to intermediate fluence levels (most data are for <�10 displacement per
atom) at 300–1300 �C.

� 2013 Elsevier B.V. All rights reserved.
1. Introduction

Silicon carbide (SiC) is an engineering ceramic material that un-
iquely combines strength and chemical inertness up to very high
temperatures. SiC materials in stoichiometric and crystalline forms
have exhibited unique and exceptional stability in high radiation
environments, in addition to the known low induced-activation/
low after-heat properties, making them particularly attractive for
use in harsh radiation environments [1–4]. Although monolithic
SiC is a brittle ceramic, continuous SiC fiber-reinforced SiC-matrix
composites (SiC/SiC, SiCf/SiC, or SiCf/SiCm composites) offer en-
hanced reliability with predictable mechanical properties and
greatly increased damage tolerance in addition to the above-men-
tioned inherent advantages of SiC, allowing use of these materials
for structural applications [5].

Certain SiC/SiC composites that are made for enhanced
radiation resistance are specifically referred to as the nuclear-
grade SiC/SiC composites. The nuclear-grade SiC/SiC composites
are considered attractive and promising materials for components
for light water reactor (LWR) fuel cladding and channel boxes
[6,7], fuel and in-vessel components for advanced fission reactors
such as high-temperature gas-cooled reactors (HTGR’s) [8,9],
fluoride-salt-cooled high-temperature reactors (FHR’s) [10], and
gas-cooled fast reactors (GFR’s) [11,12], future fusion energy
[2,13,14], and other extreme radiation services. The current nucle-
ar-grade SiC/SiC composites consist of (near-) stoichiometric and
crystalline beta-phase SiC for both fibers and matrices and the
minimal amount of less-radiation-stable material for the debond/
sliding layer(s) between the fibers and the matrices, often referred
to as the interphase. Currently nuclear-grade SiC/SiC composites
are commercially available on a custom-order basis from a fair
number of vendors worldwide.

Recently, Oak Ridge National Laboratory completed the post-
irradiation examination campaign for the US/Japan collaborative
RB-18J experiment, which involved the most comprehensive irra-
diation of the advanced SiC/SiC composites that were available at
the time of preparatory phase. In this experiment, a variety of nu-
clear-grade SiC/SiC composites were evaluated for various
mechanical and thermo-physical properties before and after neu-
tron irradiation. The first objective of this paper is to report and
discuss the result of this experiment for the chemically vapor-infil-
trated (CVI) SiC-matrix composites. In addition to the results from
the RB-18J experiment, this paper attempts to provide a summary
compilation of the properties of nuclear-grade SiC/SiC composites,
specifically those with the CVI SiC matrices as the reference mate-
rials, with the intention to serve the increasing need for the base-
line and irradiated properties data for nuclear-grade SiC/SiC for
prospective applications in LWR’s, advanced fission reactors, and
future fusion energy systems.
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Fig. 1. Polymer-derived multi-filament SiC fiber tow (left) and 2D fabric (right).
Inset shows a close-up view of 2D fabric of ceramic-grade Nicalon fibers.
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2. Materials

2.1. Constituents for nuclear-grade SiC/SiC

As briefly described above, constituents that possess adequate
resistance against neutron irradiation make up nuclear-grade SiC/
SiC composite materials. In addition to irradiation tolerance, essen-
tial requirements of nuclear-grade materials generally include a
sufficiently small neutron cross-section and chemical compatibil-
ity with the coolant and fuel systems. However, discussion of
chemical compatibility requirements and issues will be left out
of this paper’s scope because they are very specific to the coolant
and fuel systems of interest.

Among the common materials used to make continuous fiber
ceramic matrix composites, stoichiometric and crystalline SiC is
known to be irradiation resistant. Polycrystalline beta-phase SiC
has successfully been used as the coating material for TRISO fuel
since the 1960s [15]. Since then, substantial work has been per-
formed to examine the effects of neutron irradiation on this mate-
rial with most of the results positively addressing its exceptional
irradiation resistance [16,17]. Although some alpha-phase SiC-
based ceramics have proved reasonable irradiation resistance in
certain conditions, they are not the preferred materials over cubic
beta-phase materials because under irradiation the hexagonal
crystallites in general tend to experience anisotropic swelling, of-
ten causing eventual intergranular cracking. Pramono et al. report
isotropic and anisotropic swelling of 6H–SiC with and without the
presence of transmutation helium, respectively [18]. Carbon mate-
rials are less stable than SiC in severe radiation environments;
however, they have proven to retain adequate mechanical proper-
ties up to tens of dpa at elevated temperatures [19–22]. Based on
the understanding above, composites with near-stoichiometric
SiC fibers, stoichiometric polycrystalline beta-phase SiC matrices,
and carbon interphase composites are currently considered the
primary nuclear-grade SiC/SiC. Properties of the reinforcing fibers,
interphase, and matrices are equally important in determining the
overall properties of the composites.
2.1.1. Reinforcement and architecture
The SiC fibers that are commercially available are produced

based on the polymer precursor process first introduced by Yajima
and Hayashi [23] and later made commercially available by Yaj-
ima’s successors under the trade names Nicalon™ and Tyranno
Fiber™. The first stage of these fiber processes involves the low-
temperature melt-spinning of the polycarbosilane (PCS) or polytit-
anocarbosilane (PTCS) polymer. These green state fibers are then
cured at elevated temperature either by exposure to oxygen or
through electron beam curing and then successively ceramized in
an inert atmosphere. Because of their relatively low price, good
mechanical properties, and excellent weavability, these Generation
I SiC fibers have found widespread use both in the laboratory as
well as in industry. Typical appearances of the SiC fiber and the
two-dimensionally (2D) woven fabric are shown in Fig. 1.

It is important to note that due to the presence of excess oxygen
and carbon, these Generation I fibers are more correctly classified
as SiC-based fibers, rather than SiC fibers. For example, the original
‘‘ceramic-grade’’ Nicalon is 65% SiC with 23% SiO2 and 11% free car-
bon [24]. The SiC crystallites are extremely small or poorly crystal-
lized, and set in a continuum of glassy Si–Ox–Cy phase. Because of
the presence of these silica and carbon phases, these fibers undergo
structural instability accompanying substantial volumetric con-
traction when exposed to radiation by high-energy neutrons or
particles. As a result, SiC/SiC composites with the Generation I
fibers exhibited a major loss of strength arising from extensive
fiber–matrix debonding [25–27]. In the next-generation
Hi-Nicalon™ fiber, the relative amount of oxygen was reduced to
less than 1% by cross-linking the green fiber with ionizing radia-
tion. However, radiation tolerance was improved only moderately
in the Generation II SiC because of the radiation-unstable micro-
structure still consisting of SiC nano-crystallites embedded in a
continuum of carbon [24,28].

The Generation III SiC fibers are defined by near-stoichiometric
chemical composition and crystallinity that is largely enhanced be-
yond the Generation II, in addition to the reduced oxygen content.
These features are achieved by various high-temperature processes
including thermochemical decarburization treatment and sintering
with additives such as alumina and boron. Commercially available
Generation III SiC fibers include Hi-Nicalon Type S (Nippon Carbon
Co., Tokyo, Japan, ‘‘HNLS’’ hereafter) [24,29,30], Tyranno SA3 (Ube
Industries, Ltd., Ube, Japan, ‘‘SA3’’ hereafter) [31], Sylramic™ (COI
Ceramics, San Diego, CA) [32], and CefNITE™ (IEST Co., Ltd., Moriy-
ama, Japan) [33].

The Generation III SiC fibers consist primarily of beta-phase SiC
grains of sizes typically ranging from tens to hundreds of nanome-
ters and excess carbon as poorly graphitized carbon pockets in
multi-grain junctions [28]. The grain sizes in the fibers are reflected
in the surface roughness, as shown in Fig. 2, where the very smooth
surface of nanocrystalline Hi-Nicalon contrasts with the less
smooth surface of HNLS fiber and the obviously more rugged sur-
face of SA3 fiber. These surface roughness features reportedly influ-
ence the interfacial shear debond criteria and frictional stress
[34,35]. The early Generation III SiC fibers, HNLS and SA3, have
been evaluated and positively addressed for neutron resistance in
various irradiation conditions as composite reinforcements and
as bare fibers [36–38]. It should be noted, however, the excess car-
bon, sintering additives, and impurities may adversely influence
the stability of these fibers in more aggressive irradiation condi-
tions than previously reported.

Properties of the representative SiC(-based) fibers are compared
in Table 1. Because of the enhanced stoichiometry and crystallinity,
the Generation III fibers possess higher elastic modulus and ther-
mal conductivity, smaller elongation, a coefficient of thermal
expansion (CTE) that is close to that of pure beta-SiC, and often in-
creased surface roughness as mentioned above. Because of these
differences, certain mechanical, physical, and thermal properties
of composites with the Generation III SiC fibers are substantially
different from those of previous generation SiC fiber composites.

Given certain properties for the constituent materials, the com-
posite properties are determined by the fiber architecture. Obvi-
ously the reinforcing fibers provide benefits such as strength and
toughness most effectively in directions parallel to the fiber axis.



Fig. 2. SEM images of surfaces of Hi-Nicalon (left), Hi-Nicalon Type S (middle), and Tyranno SA3 (right) fibers.

Table 1
Properties of commercially available near-stoichiometric SiC fibers and comparison with representative non-stoichiometric SiC-based fibers.

Trade name CG-Nicalon NL-202 Hi-Nicalon Hi-Nicalon Type S Tyranno SA3 Sylramic Pure b-SiC

Manufacturer NCKa NCK NCK Ubeb COIc

SiC fiber generation I II III III III (CVD SiC)

C/Si atomic ratio 1.31 1.39 1.05 1.07 1.00 1.00
Oxygen mass concentration (%) 11.7 0.5 0.2 <1 0.8 0
Other additives Al B, N, Ti
SiC grain size (nm) �2 �10 �50 �200 �100

Young’s modulus, RT (GPa) 220 270 420 380 380 450
Tensile strength, RT (GPa) 3.0 2.8 2.6 2.8 3.2 �0.4d

Elongation (%) 1.4 1.0 0.6 0.7 0.8 �0.1d

Density (g/cm3) 2.55 2.74 3.10 3.10 3.0–3.1 3.21
CTE (ppm/K), to 500 �C 3.2 3.5 5.1 4.5e 5.4e 3.9, 4.5e

Thermal cond., RT (W/m K) 3.0 7.8 18.4 65 46 �400f

a Nippon Carbon (Tokyo, Japan).
b Ube Industry (Ube, Japan).
c COI Ceramics (San Diego, CA).
d Strength and elongation of monolithic SiC widely vary depending on effective surface and machining.
e To 1000 �C.
f Thermal conductivity of SiC varies significantly depending on purity and grain size.
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More precisely, the composite properties are to a large extent
determined by the volume fractions and orientations of the fibers
in relation with the orientation of interest for certain properties.

Two-dimensional (2D) woven architectures, including plain-
weave (PW) and satin-weave (SW, most commonly 5-harness
and 8-harness), are most commonly used to make planar compo-
nents. A choice between PW and SW usually does not impose sig-
nificant impact on the composite properties. The 0�/90� stacking of
orthogonally woven fabrics results in orthotropic properties,
whereas the 0�/±30� stacking, for example, allows more isotropic
in-plane properties at the expense of somewhat reduced on-axis
strength. The materials discussed in this work are mostly 2D com-
posites. Among non-2D architectures, the uni-directional (UD)
architecture is often useful to enable high strength in one direction
as well as to produce model composite samples for research pur-
poses. Orthogonal three-dimensional (3D) architectures with vari-
ous x:y:z fiber ratios are utilized to tailor anisotropic properties
three-dimensionally. Braiding can also be employed to produce
3-D tubular geometries. However, the properties of braided com-
ponents approach 2D when wall thickness is small compared to
the tube diameter. More complex architectures have also been
developed and used for specific purposes.

2.1.2. Interphase
The roles of interphases to accommodate adequate fiber–matrix

load transfer, debond, and sliding are very important for continu-
ous fiber ceramic matrix composites. For SiC/SiC composites, inter-
phases of PyC, boron nitride (BN), and multilayer PyC/SiC or BN/SiC
are most commonly applied as the coating onto the fiber surfaces
before the matrix densification [5]. With regard to the fast fracture
properties, multilayer interphase composites behave in a similar
manner to monolayer interphase composites, with the innermost
PyC or BN layer acting mostly as the sole interphase [39,40]. How-
ever, multilayer interphases are known to provide extra rupture
life in oxidative environments [40]. Moreover, multilayer interpha-
ses reportedly impose substantial effects on the through-thickness
electrical conductivity [41].

BN interphase is generally considered inadequate for nuclear
applications, unless isotopically separated boron is used, due to
the rapid transmutation of 10B under neutron irradiation. For this
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reason, PyC is commonly used as the interphase material by itself
or in combination with SiC to form the multilayer interphase. The
PyC interphase is typically formed by chemical vapor deposition
(CVD) onto the fiber surface using a gaseous hydrocarbon precur-
sor in an isothermal, isobaric condition. Examples of the monolayer
PyC and multilayer PyC/SiC interphases in SiC/SiC composites are
shown in Fig. 3. Carbon materials including PyC are known to un-
dergo moderate, yet substantial, irradiation effects including early
contraction followed by swelling, eventually leading to amorphiza-
tion at temperatures of typical technological interest [19,20,42].
This radiation instability of PyC presents an opportunity for the
development of an alternative interphase for SiC/SiC composites
for radiation services. Interestingly, however, PyC interphase SiC/
SiC composites have been shown to retain adequate mechanical
properties and fracture behavior to high neutron fluence levels
where very significant radiation damage is expected in carbon [43].

The typical thickness of PyC interphase ranges between �20 nm
(for the case of the innermost layer in the multilayer interphase)
and �500 nm. It is generally understood that an interphase that
is too thin results in brittle failure, even for composites, due to
excessive frictional stress at the fiber–matrix interface. Alterna-
tively, an interphase that is too thick tends to compromise strength
due to insufficient load transfer between the fiber and the matrix
[44–48]. Based on limited systematic studies on the effect of inter-
phase thickness on mechanical properties, 50–200 nm is most
commonly used for the PyC interphase in Generation III SiC fiber,
CVI SiC matrix composites. Because of the rather limited irradia-
tion stability of PyC, thicker interphases are anticipated to be dis-
advantageous in terms of the irradiation tolerance. However,
experiments have not demonstrated any outstanding disadvan-
tages of the composites with relatively thick PyC interphases [49].

It should also be noted that the vapor-deposited interphase
thickness often varies substantially in different locations within
the preform and even within a fiber bundle. The nominal inter-
phase thickness is most commonly determined by the mass gain
during the deposition process divided by estimated total fiber sur-
face or by averaging the physical thickness values measured at
multiple locations by backscattered electron microscopy.

2.1.3. Matrix
Similar to SiC fibers, the matrices in SiC/SiC composites are gen-

erally more radiation stable when they are of stoichiometric com-
position, of high crystallinity, and contain lesser amounts of second
phases, which tend to impose detrimental irradiation effects.
Among the various techniques commonly used for matrix process-
ing for SiC/SiC composites, chemical vapor infiltration (CVI)
Fig. 3. Backscattered electron images of monolayer pyrocarbon (P
produces SiC matrices that best satisfy these criteria [5]. For this
reason, CVI composites have been evaluated most extensively, of-
ten as the basic or reference materials for nuclear-grade SiC/SiC
composites.

The CVI matrix densification process is essentially a CVD of SiC
onto the fiber surfaces (then the open pore surfaces) in the com-
posite preforms. Methyltrichlorosilane (MTS) and ethyltrichlorosi-
lane (ETS) carried by hydrogen gas are commonly used as the
precursor [5,50–53]. Because the typical deposition temperatures
of 1000–1200 �C are significantly lower than the processing tem-
peratures of other methods for SiC matrix densification, CVI is con-
sidered a low-temperature processing method for the fabrication
of SiC matrix composites with the benefits of minimal process-in-
duced damage to the fibers and reduced residual thermal stress.
During the process of CVI, the fiber bundles in the preform first
get solidified, forming an interconnected skeleton of ‘‘mini-com-
posites,’’ or fiber bundles, with the internal and relatively thin sur-
rounding matrices. This is followed by additional matrix deposition
onto surfaces of the open pores that continues until a sufficient
matrix density is achieved with most pores closed. Therefore, when
the process is complete, the CVI composites inherently consist of
fabric lay-up architectures made up of small elongated inter-fiber
(intra-bundle) pores in mini-composite elements with more mac-
roscopic inter-bundle pores whose size and shapes are determined
primarily by the fiber architecture, and interlaminar pores (often
connected with inter-bundle pores).

Fig. 4 presents micrographs showing typical pores in 2D CVI
SiC/SiC composites. Typical final porosity for 2D CVI SiC/SiC com-
posites is 10–20%. The porosity values often exhibit mild correla-
tions with the composite strength and thermal conductivity.
However, among the pores of various types, the interlaminar pores
impose particularly pronounced effects on key properties such as
through-thickness thermal conductivity and interlaminar strength.

Besides CVI, the nano-infiltration and transient eutectic-phase
(NITE) process, which utilizes sintering of nano-phase SiC powder
assisted by external pressure and oxide additives to form the ma-
trix, produces SiC-matrix composites that proved to be radiation
resistant [54,55]. Compared to CVI SiC/SiC, which is inherently very
porous, NITE SiC/SiC composites offer nearly fully dense matrices,
typically resulting in higher matrix cracking stress and higher ther-
mal conductivity at the expense of chemical purity [56,57]. The re-
sults from the RB-18J experiment on the NITE SiC/SiC composites
are reported in a separate communication [58].

Effects of neutron irradiation on SiC/SiC composites made
through other fabrication routes, such as polymer impregnation
and pyrolysis (PIP) and melt-infiltration (MI), have not been
yC) and multilayer PyC/SiC interphases in SiC/SiC composites.



Fig. 4. Micrographs representing different types of pores in typical 2D CVI SiC/SiC composites: (A) intra-bundle micro-pores, (B) inter-bundle mesh pores, (C) inter-layer
pores, and (D) pores along inclined fiber segments. B, C, D are often connected with each other.
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extensively studied due to demonstrated and/or anticipated poor
radiation stability of polymer-derived non-stoichiometric/nano-
crystalline SiC and the reaction-bonded SiC/Si cermet [59,60]. For-
mation of SiC matrices with decent irradiation performance
through a polymer precursor route or a direct reaction is consid-
ered achievable, but may require substantial development effort
[61–63].
2.1.4. Microstructures
Detailed microstructures of CVI SiC matrix composites may vary

substantially, depending on the processing conditions. This also
implies that the properties of the composites may be, to some ex-
tent, tailorable if the relationship between microstructure and the
properties of interest can be adequately understood. For example,
microstructures within the interphases and around their interfaces
with fibers and/or matrices are known to influence the interfacial
debond and sliding properties [64]. Typical microstructures of nu-
clear-grade CVI SiC/SiC composites as observed by transmission
electron microscopy are shown in Fig. 5. Both the HNLS and SA3 fi-
bers consist primarily of beta-phase SiC grains (which are often
densely stacking faulted and significantly larger in size for the
SA3 fiber) with the carbon pockets and pores in multi-grain junc-
tions. Variations in microstructures and the corresponding proper-
ties for these near-stoichiometric SiC fibers of different grades are
summarized by Bunsell and Piant [28].

Depending on the deposition condition, microstructure of the
pyrolytic carbon interphases may range from well-oriented graph-
ite to near-isotropic carbon. Whereas the oriented graphite inter-
phase has been explored to achieve optimum interfacial debond
behavior by Naslain et al. [40], near-isotropic carbon interphase
is widely used in commercial CVI SiC/SiC due to ease of processing
and preferred near-isotropic properties. The typical pyrolytic car-
bon interphase in the commercial materials, seen in Fig. 5 (bottom
center), is often considered as turbostratic graphite. Electron en-
ergy loss spectrometry analysis confirmed that the bonding in
these interphases is predominantly sp2 hybrid [65]. The specific
mass of turbostratic carbon interphase in a typical CVI SiC/SiC com-
posite was estimated to be �1.9 based on combustion analysis
[66], slightly higher than typical isotropic graphite but significantly
lower than oriented graphite. Therefore, the typical CVD PyC inter-
phase in a nuclear-grade SiC/SiC composite may be considered a
fairly high-density turbostratic graphite. Note that these interpha-
ses are not necessarily near isotropic but are sometimes aniso-
tropic with the basal planes slightly to moderately aligned
parallel with the fiber surface. The CVI SiC matrices are essentially
CVD SiC deposited onto the fiber and pore surfaces; thus, they ex-
hibit typical columnar structure along the growth direction, as
seen in Fig. 5 (bottom right). The crystallographic orientation is
commonly along one of the f111g planes, which typically involves
very high-density stacking faults, moderately aligned perpendicu-
lar to the columnar axis.
2.2. Composite materials used

The composite materials studied are listed in Table 2. The mate-
rial designator in the table indicates the combination of fiber grade,
HNLS or SA3, and the interphase, PyC for pyrocarbon (PyC150 de-
notes pyrocarbon interphase that is nominally 150 nm thick) or
ML for pyrocarbon/SiC multilayer, followed by an additional suffix
that distinguishes different fabrication batches. The ML interphase
consists of five repeating layers of nominally 20-nm-thick pyrocar-
bon separated by pyrolytic (CVD) SiC nominally 100 nm thick.
More details of this interphase are found elsewhere [67]. As dis-
cussed previously, this ML interphase acts as single 20-nm-thick
PyC interphase during fast fracture under typical mechanical test-
ing while providing additional protection to fibers during slow fail-
ure in oxidative environments. The matrices for all composites are
high-purity CVI SiC. The composite fabrication was performed by
Hyper-Therm High-Temperature Composites (Huntington Beach,
CA), with the exception of HNL/PyC150-B, which was provided
by GE Energy (Newark, DE).

It is worth noting that non-standard fabrics or fibers were used
for some of the composites. For HNLS/PyC50-A and HNLS/PyC150-
A, 24 � 24 thread-per-inch (TPI) plain-weave fabrics with 250
filament yarns were used instead of the standard 16 � 16 TPI
satin-weave fabric with 500 filament yarns. These fine weave
fabrics were used with an expectation that the small specimens
used for irradiation studies would better represent the bulk prop-
erties. However, as seen in Table 2, the higher fiber loading and the
smaller dimensions of open channels in the fabric preform resulted
in the unusually large final porosity, somewhat compromising the
composite properties, as discussed later.

The SA3T/PyC150-A composite used plain-weave fabrics of 800
filament yarn thick (nominally 10-lm diameter) SA3 fibers instead
of the common 1600 filament yarn 7.5-lm-diameter SA3 fibers.
The SA3-P120/PyC150 composite was fabricated using hybrid
plain-weave fabrics into which alternating threads of SA3 and
pitch-based Cytec-Thornel P120 graphite fibers were woven. De-
tailed description of this hybrid fabric is found elsewhere [72].



Fig. 5. Transmission electron microscopy images of Hi-Nicalon Type S near-stoichiometric SiC fiber-reinforced, purocarbon/SiC multilayer interphase, and chemically vapor-
infiltrated SiC-matrix composite (top). Higher magnification micrographs are given in the bottom for the fiber interior (left), interphase (center), and matrix (right).
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The fiber volume fraction (Vf) in Table 2 was determined by a
geometrical approach in the following manner [74]:

Vf ¼ pr2
f Nf NtNp; ð1Þ

where rf denotes fiber radius, Nf the number of filaments in a tow, Nt

the total (x and y) thread counts for the fabric, and Np the number of
fabric layers in a unit thickness. Using the apparent density for com-
posite (qc), the composite porosity value (Vp) is derived by

Vp ¼ 1� Vf þ
qc �mf Np

qm
þ qm � qi

qm
� 2mf Npti

rf qf

 !
; ð2Þ

where mf is the fabric mass, qm,i,f denote specific masses of matrix,
interphase, and fiber, respectively, and ti is the interphase thickness.

Fig. 6 presents low-magnification SEM images of polished cross-
sections for most of the composite materials used in this work,
showing the mesoscopic structures including the various type
pores typical of the CVI SiC matrix composites of 2-D fabric layup
architectures. The observed mesostructures appear generally con-
sistent with the porosity and the fiber volume fraction values in
Table 2. For example, relatively low matrix density with the exten-
sive inter-laminar porosity can be seen for the HNLS/PyC50-A and
HNLS/PyC150-A composites. The SA3-P120 hybrid fabric compos-
ite (not shown in Fig. 6) underwent extensive matrix cracking be-
cause of the major mismatch in thermal expansion between the SiC
matrix and the P120 graphite fibers.
3. Experimental method

3.1. Methods of properties evaluations

All property information presented in this paper is original data
generated at Oak Ridge National Laboratory (ORNL), unless refer-
ences indicate otherwise, through the methods briefly described
below. Post-neutron irradiation examination was performed in
the Low Activation Materials Development and Analysis (LAMDA)
Facility at ORNL.

3.1.1. Thermal and physical properties
The coefficient of linear thermal expansion (CTE) was measured

per ASTM Standard E228-06 using a push-rod dilatometer Netzsch
DIL 402 CD at a constant heating rate equal to or slower than 5 K/
min. Thermal diffusivity was measured by the flash method
according to ASTM E1461-07. The instruments used were a Net-
zsch LFA 447 and 457 and an Anter Flashline 3000. Thermal con-
ductivity was calculated using the measured thermal diffusivity,
the measured specific gravity for the individual specimen, and
the standard specific heat values found in Ref. [17] for SiC. The
influence of the presence of graphitic interphase on the specific
heat of the composite was estimated to be less than 1% and thus
was neglected.

The dynamic Young’s modulus was determined at room tem-
perature based on the fundamental resonance measurement by
the method of impulse excitation and vibration per ASTM C1259-
08 using a JW Lemmens GrindoSonic Instrument.

3.1.2. Swelling
Swelling, or volumetric expansion induced by neutron irradia-

tion, was determined based on the envelope dimensions for rectan-
gular test specimens measured before and after irradiation using a
caliper (for length) and a micrometer (for width and thickness).
The standard specimen dimensions before irradiation were
40 mm � 4 mm � 2 mm. Considering the typical equipment cali-
bration error and the measurement error, uncertainty in swelling
determination is estimated to be less than 0.2%.

3.1.3. In-plane mechanical properties
The in-plane tensile properties were determined following the

general guidelines in ASTM C1275-00. However, an intermittent
unloading–reloading scheme was employed in order to extract
information on the residual thermal stress, extent of the matrix



Table 2
Detailed information of composite materials evaluated in this work. Note that matrices in all materials are high-purity, stoichiometric, polycrystalline beta-phase SiC deposited
through chemical vapor infiltration process.

Material designator Fiber Architecture Interphase Apparent density
(g/cm3)

Porosity Fiber volume
fraction

Ref.

SA3/PyC150-A Tyranno SA3a PWf, 17 � 17 tpig 0�/90� PyCi, 150 nm 2.58 0.18 0.38 Katoh et al. [68]
SA3/PyC50-A Tyranno SA3a PW, 17 � 7 tpi 0�/90� PyC, 50 nm 2.62 0.17 0.38 Katoh et al. [68]
SA3T/PyC150-A Tyranno SA3Tb PW, 17 � 17 tpi 0�/90� PyC, 150 nm 2.50 0.20 0.37 Katoh et al. [68]
HNLS/PyC150-A Hi-Nicalon Type Sc PW, 25 � 25 tpi 0�/90� PyC, 150 nm 2.40 0.23 0.46 Katoh et al. [68]
HNLS/PyC50-A Hi-Nicalon Type Sc PW, 25 � 25 tpi 0�/90� PyC, 50 nm 2.31 0.26 0.46 Katoh et al. [68]
HNLS/ML-A Hi-Nicalon Type Sd 5H-SWh, 16 � 16 tpi, 0�/90� Multilayerj 2.47 0.24 0.37 Katoh et al. [68]
HNLS/PyC150-B Hi-Nicalon Type Sd 5H-SW, 16 � 16 tpi, 0�/90� PyC, 150 nm 2.71 0.14 0.40 –
SA3/PyC150-C Tyranno SA3a PW, 17 � 17 tpi 0�/90� PyC, 150 nm 2.53 0.18 0.40 Nozawa et al. [69]
HNLS/PyC150-C Hi-Nicalon Type Sd 5H-SW, 16 � 16 tpi, 0�/90� PyC, 150 nm 2.52 0.19 0.44 Nozawa et al. [69]
HNLS/PyC150-D Hi-Nicalon Type Sd 5H-SW, 16 � 16 tpi, 0�/90� PyC, 150 nm 2.65 0.15 �0.4 Nozawa et al. [70]
SA3/PyC150-D Tyranno SA3a PW, 17 � 17 tpi 0�/90� PyC, 150 nm 2.62 0.16 �0.4 –
SA3/PyC150-E Tyranno SA3a PW, 17 � 17 tpi 0�/90� PyC, 150 nm n/ak n/a n/a Nozawa et al.[71]
SA3-P120/PyC150 SA3/P-120Se Orthogonal 3D PyC, 150 nm 2.27 n/a Katoh et al. [72]
SA3/ML-F Tyranno SA3a 8H-SW, 22 � 22 tpi, 0�/90� Multilayerj 2.65 0.12 0.33 Katoh et al. [73]
HNLS/ML-F Hi-Nicalon Type Sd 8H-SW, 20 � 20 tpi, 0�/90� Multilayerj 2.74 0.11 0.31 Katoh et al. [73]

a 7.5 lm, 1600 filament/yarn, SA3-S1I16PX.
b 10 lm-diameter thick fiber, 800 filament/yarn, SA3-S1F08PX.
c 900 denier (250 filamet/yarn), Lot#383213.
d 1800 denier (500 filament/yarn), lot# unknown.
e Hybrid 3D fabric of Tyranno SA3 in x/y directions and pitch-based P120S graphite fiber in z direction.
f Plain-weave.
g Thread per inch.
h 5-Harness satin-weave.
i Pyrocarbon.
j 5 � (PyC 20 nm + SiC 100 nm).
k Not available.

Fig. 6. Low-magnification scanning electron micrographs showing cross-sectional meso-structures representing materials examined.
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cracking, and the fiber–matrix interfacial sliding resistance as a
function of the peak load. Previous work confirmed the lack of ef-
fects of this loading scheme on the measured tensile properties for
similar composite materials as compared with a monotonic load-
ing scheme. Strain was monitored by a pair of strain gauges at-
tached to opposite faces within the gauge section. The average of
the readings from the two strain gauges was used as the strain va-
lue. Tests with fractional bending, also determined by readings
from the two strain gauges, reaching 10% within the proportional
limit loading were considered invalid.

Straight beam specimens measuring 40 mm � 4 mm � 2 mm
were used for all tests, with the exception of the HNLS/PyC50-A
and HNLS/PyC150-A tests, which utilized specimens that were
1.5 mm thick but otherwise identical. The gauge section length
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was 12 mm. A MTS pneumatic gripping system was used and alu-
minum tabs were adhered to both sides of the grip sections of the
specimens to prevent gripping-induced compressive failure.

Tangent modulus of the composites was determined by the
least-squares method for the initial loading over a range of 20–
40 MPa. The proportional limit stress (PLS) was defined as the
stress at the intersection with the 95% tangent modulus slope.

3.1.4. Interface mechanical properties
Two important micro-mechanical properties of interest for the

fiber–matrix interface in ceramic matrix composites are the sliding
stress and the shear debond stress. The sliding stress is often deter-
mined or estimated based on the single-fiber push-out test [75],
hysteresis analysis of the intermittent unloading–reloading during
the in-plane tensile test [76,77], or fiber pull-out length observa-
tion of the tensile fracture surface [78]. The shear debond stress
can be estimated from the single-fiber push-out test. In the present
work, the single-fiber push-out test was chosen as the method of
evaluating the interfacial mechanical properties and the test was
conducted using an MTS Nano-Indenter system. More details of
the testing and analytical procedures are discussed in Section 4.3.4.

3.1.5. Trans-plane mechanical properties
The inter-laminar shear strength (ILSS) of the 2D laminate com-

posite materials was determined by compression testing of dou-
ble-notched shear (DNS) specimens per ASTM C1292-00.
Specimen dimensions of 20 mm � 4 mm � 2 mm and a notch sep-
aration of 6 mm were employed. These specimen dimensions,
smaller than the recommendation in the ASTM test standard, have
been shown to generate reasonable ILSS values for similar materi-
als, though such reduced size specimens may suffer a minor size
effect [79–81].

The trans-thickness tensile strength (TTS) was determined by
diametral compression testing at room temperature. In this test,
the diametral compressive load, applied to a small-diameter disc
(or truncated disc) specimen, is converted to tensile load in the
perpendicular orientation, leading to the failure in trans-thickness
tension. Details of the test procedure are given in [82,83].

3.1.6. Damage tolerance
Damage tolerance was evaluated using miniature single-edged

notched beam (SENB) specimens. Details of the test procedure
and the effects of the test specimen size have been discussed else-
where [84]. The SENB tests were conducted at room temperature
using an electromechanical testing machine. Test specimens were
loaded using a three-point flexural fixture with a support span of
16 mm under a constant crosshead displacement rate of
0.05 mm/min. The load–point displacement was measured with a
clip-on crack opening gauge. The unloading–reloading sequences
were applied to evaluate the damage accumulation behavior dur-
ing testing. Crack length at each loading–unloading cycle was eval-
uated by optical microscopy of replica films.

3.2. Neutron irradiation

Neutron irradiation was conducted in the High Flux Isotope
Reactor (HFIR) at ORNL as a part of the RB-18J high-temperature
neutron irradiation campaign. The 18J capsule included subcap-
sules, each of which is actively temperature controlled through
the gas composition adjustment. The fast neutron fluences were
�5.9 � 1025 n/m2 (E > 0.1 MeV) for the nominally 800 �C tempera-
ture zone and �5.8 � 1025 n/m2 for the nominally 1300 �C zone. An
equivalence of one displacement per atom (dpa) = 1 � 1025 n/m2

(E > 0.1 MeV) is assumed in the following discussion.
The actual irradiation temperatures for specimens were deter-

mined by electrical resistivity measurements with selected CVD
SiC specimens at room temperature after isochronal annealing.
These specimens consistently indicated the onset of resistivity
annealing at �830 �C and �1270 �C for the nominally 800 �C and
1300 �C temperature zones. The typical error in determination of
actual irradiation temperature by this method is estimated to be
�25 �C [85].
4. Properties and effects of neutron irradiation

4.1. General effects of irradiation and dimensional stability

4.1.1. General effects of irradiation
In this section, data for various thermal, physical, and mechan-

ical properties in both unirradiated and neutron-irradiated condi-
tions are presented and discussed. Before elaborating on the
individual properties and the irradiation effects, the effects of irra-
diation on SiC/SiC composites are briefly reviewed in a generic
sense. A comprehensive review of the properties for conventional
(non-nuclear-grade) SiC fiber and CVI SiC matrix composites in
an unirradiated condition was previously compiled by Lara-Curzio
[86].

Obviously, the properties of a composite material are deter-
mined by the properties of its constituents, namely, matrix, fiber,
and interface, and the constitutive laws that are in many cases
for the specific reinforcement architecture. The ‘‘interface’’ may in-
volve the interphase as a substance and the interfaces between the
interphase and the neighboring matrix or fiber. Constitutive mod-
els for various composite properties have been studied and devel-
oped as mentioned in the discussion below. However, these
models have often been established to an insufficient extent to pre-
dict properties of the composites due to the complex interplays
among constituents in the 2D architecture.

As compared to SiC in other forms, the effects of neutron irradi-
ation and the underlying physical processes are relatively well
understood for high-purity beta-phase SiC [17], which reasonably
represents the matrix material for CVI SiC matrix composites.
Briefly, neutron bombardment produces Frenkel defects in both C
and Si sublattices, antisite defects of both types, and clusters of
these defects in the face-centered cubic sublattices overlapping
in beta-phase SiC. In the temperature range for point defect swell-
ing (or ‘‘transient swelling,’’ approximately 150–1000 �C) where
vacancies of both types have no or very limited mobility, the ma-
trix defects build up until pseudo-equilibrium is reached. This de-
fect build-up causes swelling corresponding with the total excess
volumes from various defects, significant thermal conductivity de-
crease by added phonon-scattering centers, and a slight decrease in
Young’s modulus due to an increase in mean interatomic distance.
All of these properties saturate at relatively low fluences, typically
on the order of �1 dpa. At higher temperatures exceeding
�1400 �C where both types of vacancies are anticipated to be mo-
bile, progressive changes in properties occur including void swell-
ing caused by unstable growth of vacancy clusters. Between
�1000 �C and �1400 �C is considered the transitional temperature
regime where the progressive microstructural evolutions and the
resultant fluence-dependent property changes proceed steadily
but only slowly. The effects of neutron irradiation on properties
of CVD SiC are summarized by Snead et al., in Ref. [17].

Near-stoichiometric beta-phase SiC fibers are considered to be-
have in a manner similar to high-purity CVD SiC. In fact, lack of sig-
nificant differential swelling (from CVI SiC matrices) or any other
substantial changes in properties under irradiation has been
previously reported [36,73,87], in contrast to that of conventional
non-stoichiometric SiC-based fibers which underwent substantial
volume contraction by exposure to neutrons [26]. However, the
potential influences of specific features of those fibers including



Table 3
Irradiation-induced swelling for CVI SiC matrix composites.

Material Irradiation
condition

Swelling
(%)

Ref.

SA3/PyC150-A 830 �C, 5.9 dpa 0.50 (0.07) –
1270 �C, 5.8 dpa 0.58 (0.30) –

SA3/PyC50-A 830 �C, 5.9 dpa 0.55 (0.14) –
1270 �C, 5.8 dpa 0.56 (0.23) –

SA3T/PyC150-A 830 �C, 5.9 dpa 0.61 (0.15) –
HNLS/PyC150-A 830 �C, 5.9 dpa 0.52 (0.16) –

1270 �C, 5.8 dpa 0.21 (0.08) –
HNLS/PyC50-A 830 �C, 5.9 dpa 0.28 (0.09) –
HNLS/ML-A 830 �C, 5.9 dpa 0.39 (0.20) –

1270 �C, 5.8 dpa 0.49 (0.31) –
300 �C, 1.2–3.4 dpa 1.59 (0.49) Newsome et al.

[67]
800 �C, 1.6–2.4 dpa 0.81 (0.13) Newsome et al.

[67]
HNLS/PyC150-B 830 �C, 5.9 dpa 0.67 (0.28) –

1270 �C, 5.8 dpa 0.45 (0.14) –
SA3-P120/

PyC150
830 �C, 5.9 dpa 0.56 (0.16) –

Fig. 7. Volume swelling of CVI SiC matrix composites by neutron irradiation as a
function of irradiation temperature. Error bars indicate ± one standard deviation.
Additional composite swelling data were taken from Refs. [67,89]. Data for high-
purity CVD SiC in a monolithic form from various references are shown together as
dot symbols [15,27,90–93].
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the chemical impurities or additive elements, the presence of car-
bon pockets, and the inhomogeneity in grain microstructures along
radial locations on the radiation stability at extended fluence levels
all remain to be clarified.

Similarly, irradiation response of the PyC interphase is not
adequately understood. Under irradiation, the PyC interphase as
highly imperfect graphite is anticipated to behave like other car-
bon materials such as poorly graphitized graphite and glassy car-
bon. Nuclear-grade graphite materials undergo early contraction
accompanied by an increase in strength, elastic modulus, and
thermal and electrical conductivity. This is followed by swelling
and a reversal of all other property changes in the opposite direc-
tion, which eventually leads to a loss of mechanical integrity
[19,20]. The very limited information on effects of irradiation on
glassy carbon implies similar behavior [22]. However, it is unclear
how closely the irradiated PyC interphase follows the path and
fate of irradiated nuclear graphite and how the thin-layer inter-
phase that is mechanically constrained by very high modulus
SiC on both faces behaves as compared to the unconstrained bulk
material.

In addition to the general effects of irradiation discussed above,
significant effects of nuclear transmutations are anticipated for all
properties when these materials are irradiated with very high-en-
ergy neutrons such as those anticipated in deuterium–tritium fu-
sion reactors and the nuclear spallation targets. The nuclear
transmutation effect is particularly anticipated to be an important
life-limiting factor, in addition to the environmentally assisted
degradation discussed in Section 4.3.7, because of the time-depen-
dent accumulation of various transmutation products. Discussion
on the transmutation phenomena in fusion spectrum and the po-
tential consequences are found in Ref.[88]. The scope of present
work does not include those transmutation effects.

4.1.2. Transient swelling
As briefly described above, irradiated crystalline SiC undergoes

swelling that saturates at low fluence levels in a temperature range
below �1000 �C. Beyond �1000 �C up to �1400 �C, swelling is con-
sidered to be a mixture of the transition point defect swelling (that
saturates) and the slowly developing void swelling. Swelling mea-
sured in the present work is summarized in Table 3 along with the
data reported in literature [67,89]. These data are also plotted in
Fig. 7 for the purpose of comparison with the extensive published
data for high-purity CVD SiC [15,27,90–93]. The swelling trends for
the CVI composites and the CVD SiC agree well, although the com-
posite swelling in general appears slightly less than the monolithic
CVD. However, considering the unfortunately large errors associ-
ated with the composite swelling measurement in the present
and previous works, this difference may be considered insignifi-
cant. There is no significant difference noted between the HNLS
and the SA3 fiber composites. Hegeman et al. [94] reports almost
identical longitudinal linear swellings for CVD SiC and SA-Tyranno-
hex™, which is a uni-directional bonded SA3 fiber composite, irra-
diated side by side in the High Flux Reactor (HFR, Petten) at 600 �C
and 900 �C to 1.1–2.0 dpa. Katoh [95] reports swelling for SA-Tyr-
annohex close to typical swelling for CVD SiC after irradiation in
HFIR at 320 �C to �6 dpa. These two reports imply no significant
difference in swelling behavior between the high-purity CVD SiC
and the SA3 fiber. Collectively considering these results, there is
no convincing reason to believe that the nuclear-grade SiC/SiC
composites undergo swelling to an extent significantly different
from that of CVD SiC.

Transient swelling behavior of CVD SiC has been given by the
following equation by Katoh et al. [159]:

_S ¼ ksc�1=3 exp � c
csc

� �
; ð3Þ
where _S denotes swelling rate, ks the rate constant for swelling, c
the fast fluence, and csc the characteristic fluence for swelling satu-
ration by the negative feedback mechanism. The �1/3 exponent for
fluence dependence comes of assumptions that the isolated self-
interstitial atoms (SIA’s) migrate to annihilate with immobile
vacancies through mutual recombination or to form/grow immobile
SIA clusters in planar configurations [96]. The exponential function
represents swelling saturation by unspecified negative feedback
mechanisms under an assumption that the sole negative term in a
rate equation for the total SIA cluster volume is proportional to
the total SIA cluster volume itself. Such mechanisms may include
the cascade resolution of the SIA clusters and the physical overlap-
ping of growing SIA clusters with neighboring vacancies. The model
neglects likely contributions from antisite defects to swelling. Using
the currently available experimental data for neutron irradiation
swelling of high-purity CVD SiC in the temperature range 200–
800 �C [17], the following polynomial fits may be suggested for
the rate constant and the characteristic saturation fluence as func-
tions of irradiation temperature in K.



Fig. 8. Dose-dependent evolutions of swelling given by Eqs. (3) and (4) for CVD SiC
and nuclear-grade CVI SiC/SiC.

Fig. 9. Thermal expansion of 2D SiC/SiC composites and comparison with that for
high-purity CVD SiC. Measurement orientation for 2D SiC/SiC samples was in-plane
along one of the fiber axes. 3C–SiC literature data was taken from Ref. [17].
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Ks ðTÞ ¼ 0:10612� 1:5904� 10�4T þ 6:0631� 10�8T2

csc ðdpaÞ ¼ 0:51801� 2:7651� 10�3T þ 9:4807� 10�6T2

� 1:3095� 10�8T3 þ 6:7221� 10�12T4 ð473 K < T < 1073 KÞ:
ð4Þ

Result of calculated fluence-dependent build-up of swelling is
given in Fig. 8 for a few selected temperatures. It is noted that very
high accuracy may not be expected for these fitting functions due
to the limited quality and quantity of swelling data previously pub-
lished for high-purity CVD SiC.
Fig. 10. Effect of neutron irradiation on linear thermal expansion of 2D SiC/SiC
composites. Orientation of composite samples was in-plane along one of the fiber
axes.
4.2. Thermal and physical properties

4.2.1. Thermal expansion
4.2.1.1. Non-irradiated property. The CTE values measured for SA3/
PyC150-A, HNLS/PyC150-A, and HNLS/PyC50-A are plotted in Fig. 9
as the temperature-dependent instantaneous values. Samples of
the Rohm & Haas high-purity CVD SiC were also measured side
by side with one of the composites in a parallel dilatometry unit,
and the result is plotted for comparison. The averages of two sam-
ples for each material were plotted; however, the differences be-
tween the replicate samples appeared negligible. As seen in
Fig. 9, all four materials exhibited exactly the same linear thermal
expansion behavior with no detectable differences between the
CVI composites and high-purity CVD SiC. A polynomial approxima-
tion found in the literature for 3C–SiC thermal expansion [17] is
also plotted showing reasonable agreement with the experimental
data for the temperature range below �750 K. This is obviously be-
cause the polynominal fit in Ref. [17] is appropriate only up to
�750 K. The present data can be fit by the following polynomial
expression:

a ð10�6=KÞ ¼ �0:7765þ 1:4350� 10�2T � 1:2209� 10�5T2

þ 3:8289� 10�9T3; ð5Þ

for 293 K < T < 1273 K.
As seen in Table 2, the typical fiber volume fraction and the typ-

ical porosity for the 2D composites tested are �40% and �20%,
respectively. This means that the fibers and the matrix should be
contributing to the composite CTE to about the same extent.
Assuming that the fiber CTE’s do not significantly differ between
the axial and radial orientations based on the microstructure
shown in Fig. 5, and because the CTE for the CVI matrix has to be
very similar to that for CVD SiC, the present result indicates CTE
values for the matrix SiC and the fibers are very close to each other
for the composites with both fiber types. The CTE for SA3 fiber is
reported by manufacturer to be 4.5 ppm/K for RT-1000 �C, agreeing
with the present data very well. The manufacturer-claimed value
of CTE for HNLS fiber is 5.1 ppm/K for RT-500 �C, more than 20%
higher than both the literature value for pure SiC and data obtained
in the present work for composites containing this fiber. However,
based on the present result, it is concluded that the CTE for the
HNLS fibers used in this work is closer to that of pure SiC than
the manufacturer-claimed values.

4.2.1.2. Effect of irradiation. The instantaneous CTE values mea-
sured for irradiated composite samples in the present work are
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plotted in Fig. 9 as a function of temperature. The effects of irradi-
ation appear minor for both irradiation temperatures and for the
composites with both fiber types. The current result confirms the
little to minor effect of irradiation on CTE for the near-stoichiome-
tric SiC composite materials. A closer look at Fig. 10 suggests the
slight, yet constant, CTE decrease over the entire temperature
range after irradiation at 830 �C for the composites with both fiber
types, possibly indicating the effect of lattice swelling on thermal
expansion. In contrast, the SA3 composite irradiated at 1270 �C
did not exhibit a hint of CTE modification. The slight increase in
CTE for the HNLS composite found after irradiation at 1270 �C can-
not be explained but is considered insignificant.

Fig. 10 also shows the onset of recovery of the transient swell-
ing when the temperature exceeds the irradiation temperature.
The recovery behavior for these two composite samples indicates
that the actual irradiation temperature of �810 ± 20 �C agrees rea-
sonably well with the irradiation temperature determined, as de-
scribed in Section 3.2. The current result demonstrates that the
CVI SiC-matrix composites with the Generation III SiC fibers may
be used as the irradiation temperature monitor as well as the
high-purity CVD SiC. Moreover, it proves that dilatometry-based
SiC thermometry is useful for irradiation temperatures well above
800 �C, where the previous work only reports results up to 760 �C
[97].
4.2.2. Thermal conductivity
4.2.2.1. Non-irradiated property. Thermal conductivity for nuclear-
grade 2D CVI SiC/SiC composites measured at room temperature
in the present work is summarized in Table 4, along with the data
found in open literature [69,73]. The room temperature thermal
conductivity values in the through-thickness direction for these
materials vary widely in the range of 8.5–18.1 W/m K for the HNLS
composites and 15.2–23.7 W/m K for the SA3 composites. These
numbers are substantially higher than the typical through-thick-
ness thermal conductivity for the non-stoichiometric SiC fiber
composites (4–8 W/m K) [86], owing to the increased thermal con-
ductivity of HNLS (18.4 W/m K) and SA3 (65 W/m K) as compared
Table 4
Room-temperature thermal conductivity for various 2D SiC/SiC composites in
unirradiated condition.

Material Orientation RT thermal conductivity
(W/m K)

Ref.

SA3/PyC150-A T/Ta 21.2 (0.4)c –
SA3/PyC50-A T/T 23.7 (0.4) –
HNLS/ML-A T/T 10.6 (0.2) –
SA3/PyC150-C T/T 18.9 (0.3) Nozawa et al.

[69]
HNLS/PyC150-

C
T/T 18.1 (0.3) Nozawa et al.

[69]
HNLS/PyC150-

D
T/T 14.1 (0.3) –

SA3/PyC150-D T/T 15.2 (0.4) –
SA3-P120/

PyC150
T/T 53.0 (13.5) –

SA3/ML-F T/T 22.9 (2.2) Katoh et al.
[73]

HNLS/ML-F T/T 8.5 (2.0) Katoh et al.
[73]

SA3/PyC150-C I/Pb 47.8 (1.3) Nozawa et al.
[69]

HNLS/PyC150-
C

I/P 34.7 (1.3) Nozawa et al.
[69]

SA3-P120/
PyC150

I/P 32.6 (0.5) Nozawa et al.
[69]

a Through-thickness.
b In-plane.
c Numbers in parentheses are one standard deviations.
to ceramic-grade Nicalon (�3 W/m K) and Hi-Nicalon (7.8 W/
m K). The consistent difference between the HNLS and SA3 com-
posites reflects the different thermal conductivity between the
two fiber grades.

It is noted that the variations in through-thickness thermal con-
ductivity for similar 2D CVI SiC-matrix composites with the identi-
cal fiber grade appear substantial, reaching ±40%, as compared
with the typical specimen-to-specimen variations from plates of
the identical lot material, which do not often exceed �10% when
measured by flash diffusivity method using 6- to 10-mm-diameter
specimens. Materials of particularly high porosity should exhibit
notably low thermal conductivity for an obvious reason. However,
data listed in Table 4 do not present a meaningful correlation with
porosity of the composites. The likely reason for this is that the
through-thickness thermal conductivity for the 2D architecture
composites is not determined by the total porosity but by primarily
by interlaminar porosity. The effectiveness of pores of various
types discussed in Section 2.1.3 on the composite thermal
Fig. 11. Temperature dependence of thermal conductivity for 2D SiC/SiC compos-
ites in unirradiated condition.

Fig. 12. Reciprocal thermal diffusivity for 2D SiC/SiC composites plotted against
temperature. Some of data were derived from literature [94,99].
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conductivity has been well demonstrated using a simple constitu-
tive model such as the serial-parallel approach [72,98]. One such
model explains the experimental through-thickness and in-plane
thermal conductivity data compared with the bulk thermal con-
ductivity of �70 W/m K for the CVI SiC matrix material and 2–
5 W/m K for the PyC interphase [72]. The in-plane thermal conduc-
tivity, which is less important for most applications, is governed
primarily by the effective axial fiber fraction along the direction
of heat transport and the matrix surrounding the axial fiber bun-
dles [72].

The temperature dependence of trans-thickness thermal con-
ductivity for selected materials is shown in Fig. 11. Thermal con-
ductivity of SiC composites often exhibits a peak or a bump
below 373 K because of the steep increase in heat capacity with
temperature up to about that temperature and the increased Umk-
lapp contribution with increasing temperature. The temperature
dependence is well depicted by plotting the reciprocal thermal dif-
fusivity against temperature in Fig. 12 where an approximately lin-
ear relationship is observed for all materials examined. It is noted
that the temperature coefficients for the reciprocal thermal diffu-
sivity fall in a range 0.02 ± 0.005 s/cm2 K for most composites, en-
abling prediction of elevated temperature thermal conductivity
based on the room-temperature values with reasonably small
uncertainty.

4.2.2.2. Effect of irradiation. The post-irradiation thermal conduc-
tivity for the nuclear-grade composites measured at room tem-
perature is compiled in Table 5 [73,100]. Significant decrease is
obvious regardless of irradiation condition. The change in ther-
mal conductivity during irradiation saturates at relatively low
fluence levels, typically before a few dpa is reached, depend-
ing on irradiation temperature in the same way that the tran-
sient swelling saturates. No departure from the saturation at
higher fluences has thus far been confirmed up to >70 dpa at
800 �C.
Table 5
Through-thickness thermal conductivity at room temperature for 2D SiC/SiC
composites in irradiated conditions.

Material Irradiation
condition

RT thermal
conductivity
(W/m K)

RT radiation
defect
thermal
resistivity
(W/m K)�1

Ref.

SA3/PyC150-A 830 �C, 5.9 dpa 6.2 0.11 –
1270 �C, 5.8 dpa 10.5 0.048 –

SA3/PyC50-A 830 �C, 5.9 dpa 8.1 0.081 –
1270 �C, 5.8 dpa 11.7 0.043 –

HNLS/ML-A 830 �C, 5.9 dpa 4.0 0.16 –
1270 �C, 5.8 dpa 6.4 0.062 –
800 �C, 40.7 dpa 2.7 0.28 Katoh et al.

[100]
800 �C, 71 dpa 4.2 (0.9)a 0.14
500 �C, 74 dpa 1.2 (0.2) 0.74
300 �C, 71 dpa 1.2 (0.3) 0.74

SA3/ML-F 440 �C, 0.8 dpa 3.8 0.22 Katoh et al.
[73]

450 �C, 2.0 dpa 3.3 0.26
500 �C, 3.0 dpa 3.9 0.21
850 �C, 3.5 dpa 5.6 0.14
860 �C, 5.3 dpa 7.3 0.093

HNLS/ML-F 440 �C, 0.8 dpa 1.3 0.65 Katoh et al.
[73]

450 �C, 2.0 dpa 1.5 0.55
500 �C, 3.0 dpa 2.4 0.30
850 �C, 3.5 dpa 2.4 0.30
860 �C, 5.3 dpa 2.6 0.27

a Numbers in parentheses are one standard deviations.
The effect of irradiation on the thermal conductivity of ceramics
can be adequately described by the defect thermal resistivity mod-
el proposed by Snead et al. [101],

K�1
irr ¼ K�1

0 þ K�1
rd ; ð6Þ

where K�1
irr and K�1

0 denote irradiated and unirradiated thermal
resistivity, respectively, and K�rd1 is the radiation defect thermal
resistivity that represents collective contributions from various
radiation-produced defects to the volume thermal resistivity. Note
that the unirradiated thermal resistivity may further be broken
down into Umklapp and as-fabricated defect contributions. The
radiation defect thermal resistivity values have been demonstrated
to be proportional to the magnitude of transient swelling [93].

In Fig. 13, irradiation temperature dependence of the radiation
defect thermal resistivity is shown for 2D SiC/SiC composites
[73,94]. Plotted together are the data for high-purity CVD SiC rep-
lotted from Refs. [17,102–104], showing a linear relationship be-
tween the radiation-defect thermal diffusivity and irradiation
temperature. It is interesting to note that while the trend of tem-
perature dependence is similar for all materials, different materials
exhibit different radiation-defect thermal resistivity with a ranking
order of HNLS composites > SA3 composites � SA-Tyrannohex
(hot-pressed SA3 fiber composite without the matrix) > CVD SiC.
This observation indicates an interesting trend that the materials
with the greater as-fabricated thermal resistivity develop the
greater radiation defect thermal resistivity for a given irradiation
condition.

Fig. 14 presents the thermal conductivity for the same mate-
rials plotted as a function of measurement temperature. The
through-thickness thermal conductivity for these materials indi-
cated only mild dependence on the measurement temperature,
similar to the results from other work [73]. This is because
the irradiated thermal resistivity in Eq. (6) is dominated by
the radiation-defect resistivity that exhibits weak temperature
dependence, as shown in Fig. 15. The as-fabricated defect ther-
mal resistivity is also anticipated to be insensitive to tempera-
ture. Because of the weak temperature dependence of these
defect thermal resistivity factors, the thermal conductivity of
the irradiated composites in general is only mildly correlated
Fig. 13. Radiation-defect thermal resistivity at room temperature for neutron-
irradiated 2D SiC/SiC composites plotted against irradiation temperature
[17,73,94,102–104].



Fig. 14. Through-thickness thermal conductivity of neutron-irradiated 2D SiC/SiC
composites as a function of measurement temperature.

Fig. 15. Radiation defect thermal diffusivity for neutron-irradiated 2D SiC/SiC
composites as a function of measurement temperature.
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with the measurement temperature, exhibiting an increasingly
negative correlation with the greater Umklapp contribution
(or lesser defect contribution). The temperature-dependent
thermal conductivity of irradiated SiC-based materials is predict-
able, to a certain extent, using Eq. (6), the relationship between
temperature and thermal diffusivity in Fig. 12, the fact that
the radiation defect thermal resistivity is roughly constant
over temperature, and limited experimental data at room
temperature.
4.2.3. Electrical conductivity
4.2.3.1. Non-irradiated property. Electrical conductivity is an
important property for SiC/SiC composites when they are
considered for such applications as the flow channel inserts for
liquid–metal-cooled fusion blankets and fission chambers for
high-temperature reactors. While the volume electrical resistiv-
ity of pyrocarbon interphase typically falls in the range �3 to
�10 � 104 S/m [105] and is only weakly temperature dependent,
SiC as a wide-gap impurity semiconductor is known to exhibit
resistivity in a wide range from semi-insulating to >100 S/m,
depending on the doping/impurity condition and temperature.
In other words, the SiC matrix conductivity can be tailored in
a fairly broad range, most commonly by adjusting the nitrogen
content in the same way as to control the electrical resistivity
of CVD SiC. In the SiC fiber-reinforced CVI SiC matrix composites,
therefore, it is anticipated that the electrical conductivity values
and their temperature dependence are significantly different be-
tween the fiber and the matrix.

Because of the strong temperature dependence of the SiC
electrical conductivity, at relatively low temperatures (typically
<�500 �C), the CVI SiC/SiC composite may electrically be de-
scribed as a body with conductive pyrocarbon interphase films
embedded in the significantly less-conductive SiC matrix. In this
regime of rPyC� rSiC, where r denotes electrical conductivity,
the bypass conduction through PyC dominates the composite
conductivity when the interphase forms an interconnected net-
work along the direction of electrical potential, whereas the
less-conductive SiC dominates when the PyC network is discon-
nected. These trends are clearly seen in Fig. 16 [41,43,106],
which shows the nearly temperature-independent electrical con-
ductivity for the in-plane (along one of the fiber axes) orienta-
tion for the 2D SiC/SiC composites due to the PyC bypass
mechanism. In the through-thickness orientation, the composite
exhibits lower electrical conductivity with a similar trend to
the in-plane orientation when the PyC network is intercon-
nected, whereas an Arrhenius-like trend becomes apparent when
the PyC network is disconnected.

Limited experimental data suggests that the simple model
below gives reasonable approximation of the in-plane (rip)
and through-thickness (rtt) electrical conductivity for the
orthogonal 2D SiC/SiC composites in the PyC network-domina-
tion regime.

rip � rPyCfPyC=2; ð7Þ
rtt � grPyCfPyC=2; ð8Þ

where fPyC denotes the volume fraction of PyC in the composite. g
(>0) is the networking efficiency factor for the through-thickness
conduction and is reported to takes values of �1 to a few percent
depending on the interphase thickness and the multi-layer configu-
ration [41].

4.2.3.2. Effect of irradiation. The effect of neutron irradiation on
electrical conductivity of SiC/SiC composites obviously depends
on but may also alter the dominating conduction mechanism.
The neutron irradiation may change the electrical conductivity of
PyC by a factor of 2 without altering its very weak temperature
dependence. The change may be an increase or a decrease, depend-
ing on the initial quality of PyC and the irradiation condition. In
contrast, the neutron irradiation effect on the SiC electrical conduc-
tivity is far more drastic because it involves alterations of species,
concentration, and mobility of the carrier. Therefore, when the
electrical conduction of the subject composite in the condition of
interest is controlled by the PyC bypass mechanism, the effect of
irradiation will be mild and more predictable. Otherwise, when
the composite electrical conductivity is governed by the electrical
properties of SiC, an experimental evaluation in the pertinent con-
dition will likely be required to determine the effects of irradiation.
Limited data that are available in the open literature indicate 0.1–
10 S/m for the non-bypassed through-thickness conductivity of 2D
SiC/SiC composites after neutron irradiation up to �41 dpa and in a
temperature range of 800–1120 �C [41,43].



Fig. 16. Temperature-dependent electrical conductivity for 2D SiC/SiC composites in unirradiated condition. Through-thickness electrical conductivity may be dominated by
PyC bypass or SiC matrix, whereas in-plane conductivity is dominated by bypass mechanism. I/P stands for in-plane. [41,43,106].

Table 6
Compilation of in-plane dynamic Young’s modulus, tensile tangent modulus, proportional limit stress, and ultimate tensile strength for various near-stoichiometric SiC fiber CVI
SiC matrix composites in 2D architectures in unirradiated condition. All tests were conducted at room temperature. Limited in-plane compressive properties are also included.
Numbers in parentheses denote one standard deviation.

Material Loading mode DynamicYoung’s
modulus (GPa)

Tangent
modulus (GPa)

Proportional limit
stress (MPa)

Ultimate
stress (MPa)

Strain to
failure (%)

No. of
tests

Ref.

SA3/PyC150-A Tensile, 0� 254 (11) 204 (14) 119 (20) 278 (22) 0.24 (0.03) 20 –
SA3/PyC50-A Tensile, 0� 273 (12) 232 (27) 105 (9) 287 (16) 0.22 (0.03) 8 Katoh et al. [68]
SA3T/PyC150-A Tensile, 0� 250 (16) 204 (20) 100 (17) 318 (33) 0.29 (0.05) 13 Katoh et al. [68]
HNLS/PyC150-A Tensile, 0� 224 (11) 151 (17) 79 (21) 343 (4) 0.85 (0.12) 4 Katoh et al. [68]
HNLS/PyC50-A Tensile, 0� 217 (22) 163 (23) 85 (8) 306 (15) 0.74 (0.08) 8 Katoh et al. [68]
HNLS/ML-A Tensile, 0� 210 (18) 176 (12) 107 (15) 230 (22) 0.20 (0.03) 6 Katoh et al. [68]
HNLS/PyC150-B Tensile, 0� – 257 (37) 110 (15) 378 (51) 0.61 (0.10) 12 –
SA3/PyC150-C Tensile, 0� – 273 (23) 103 (21) 199 (2) – 2 Nozawa et al. [69]
HNLS/PyC150-C Tensile, 0� – 244 (6) 101 (9) 226 (50) – 4 Nozawa et al. [69]
HNLS/PyC150-D Tensile, 0� 276 (9) 277 (8) 111 (14) 346 (39) 0.34 (0.05) 30 Nozawa et al. [70]

Tensilea, 0� – 256 (27) 114 (9) 348 (38) 0.62 (0.10) 4 Nozawa et al. [70]
Tensile, 45� 232 (11) 248 (21) 136 (8) 206 (19) 0.33 (0.20) 15 Nozawa et al. [70]
Tensilea, 45� – 232 (23) 102 (11) 206 (5) 0.44 (0.06) 4 Nozawa et al. [70]

SA3/PyC150-3-D Tensile, 0� 249 (7) 263 (15) 117 (13) 249 (23) 0.13 (0.05) 15 –
Tensilea, 0� – 259 (16) 93 (22) 236 (1) 0.19 (0.03) 3 –

SA3/PyC150-E Tensile, 0� – 263 (21) 116 (16) 269 (23) 0.20 (0.03) n/r Nozawa et al.[71]
Tensile, 45� – 220 (23) 112 (16) 174 (12) 0.15 (0.03) n/r Nozawa et al.[71]
Compressive, 0� – 289 (4) 396 (38) 427 (33) 0.15 (0.01) n/r Nozawa et al.[71]
Compressive, 45� – 249 (14) 411 (57) 426 (68) 0.16 (0.02) n/r Nozawa et al.[71]

SA3-P120/PyC150 Tensile, 0� 129 (21) 103 (22) 69 (28) 141 (60) 0.20 (0.10) 10 Nozawa et al. [69]
Tensile, 0� – 95 (10) 47 (1) 98 (1) – 4 Nozawa et al. [69]

HNLS/ML-F Tensileb, 0� – 226 (27) 94 (18) 281 (24) 0.28 (0.07) 15 Katoh et al. [73]
SA3/ML-F Tensileb, 0� – 218 (32) 112 (30) 266 (33) 0.22 (0.05) 10 Katoh et al. [73]

All other tensile tests were conducted by face-loading with gauge dimensions > 16 mm (L) � 4 mm (W) � 1.5–2 mm (t).
a Shoulder-loaded, gauge dimensions 32 mm (L) � 6.34 mm (W) � 3.38 mm (t).
b Shoulder-loaded, gauge dimensions 15 mm (L) � 3 mm (W) � 2.3 mm (t)
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4.3. Mechanical properties

4.3.1. Elastic constants
4.3.1.1. Non-irradiated property. The in-plane dynamic Young’s
modulus, tensile tangent modulus, tensile PLS, and the ultimate
tensile stress (UTS) for various 2D near-stoichiometric SiC fiber
CVI SiC matrix composites are compiled in Table 6 [68–71,73].
The tensile tangent modulus determined by uni-axial mechanical
testing typically falls in the range 200–280 GPa regardless of load-
ing orientation. Modulus values below this range were observed
for the three HNLS composites that bore unusually high porosity
and for the SA3-P120/PyC150 due to the extensive matrix micro-
cracking. In general, the tensile tangent modulus is found to be cor-
related with porosity, as shown in Fig. 17.



Fig. 17. Correlation between tensile tangent modulus and porosity.

Fig. 18. Correlation of dynamic Young’s modulus and tensile tangent modulus for
CVI SiC/SiC composites in unirradiated condition. Error bars indicate ± one standard
deviation.
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The dynamic Young’s modulus determined by the impulse exci-
tation and vibration method tends to be higher than the tensile
tangent modulus (Fig. 18). The more pronounced difference ob-
served in these two modulus values for the HNLS/PyC50-A and
HNLS/PyC150-A, both of which are of very high porosity, is consis-
tent with the explanation that the discrepancy may be attributed
to the differences in deformation mode and the range of strain.
Ishikawa et al. [98] and Morscher [107] have shown that rather
simple constitutive models based on the rule of mixtures are capa-
ble of reasonably explaining the elastic modulus for ceramic matrix
composite materials.

Table 6 includes information for anisotropic elastic properties,
which are important for the purpose of designing components with
these materials. It is shown that the tangent modulus along the
±45� orientation in the 2D 0�/90� lay-up architecture is �15% lower
than in the major fiber axis (0�/90�) orientation. The classical ply
theory [108,109] predicts the gradual variation of tangent modulus
with the rotation angle from its maximum at 0�/90� to the mini-
mum at ±45�. On the contrary, the in-plane Poisson’s ratio takes
its peak value at ±45� and minimum value at ±0�/90�. These trends
are very consistent for both tensile and compressive loadings [71].
Owing to the matrix being made of high-modulus SiC, in-plane
anisotropy in elastic properties is relatively insignificant for the
CVI SiC-matrix composites compared to the other composites with
less rigid matrices such as polymer-derived SiC and pyrolytic
carbon.

Sakata and Ohnabe [110] report a lack of significant effects on
elastic properties of CG-Nicalon CVI SiC composites at elevated
temperature up to 1200 �C. It is reasonable to assume that the
near-stoichiometric SiC fiber composites, with the high-tempera-
ture stability improved and the CTE mismatch issue mitigated,
maintain their room-temperature elastic properties up to the same
temperature in inert environments. However, the elastic modulus
of these composites should reflect the inherent temperature
dependence of the elastic modulus for SiC, which shows an �6%
decrease from room-temperature value to 1000 �C.

4.3.1.2. Effect of irradiation. The effects of neutron irradiation on the
dynamic Young’s modulus and tensile properties measured for the
2D SiC/SiC composites are summarized in Table 7 [69,73,87]. The
irradiation-induced changes in the dynamic Young’s modulus
and the tensile tangent modulus are shown in Fig. 19. Although
individual data suffer relatively large uncertainties, as represented
by the standard deviations shown by the vertical error bars, it is
observed that in general the Young’s modulus slightly decreased
very slightly after irradiation at below �1000 �C. Since the Young’s
modulus for a fiber-reinforced composite material is determined
by the rule of mixtures, the effect of irradiation for the composites
may be assumed to follow the trend for a monolithic beta-phase
SiC that is the sole constituent of the matrices and the main con-
stituent of the fibers. The effect of irradiation on Young’s modulus
of CVD SiC, or the dense polycrystalline form beta-phase SiC, is well
documented in Ref. [17] and is shown to decrease by up to a few
percent for irradiation at 800 �C. An approximately linear relation-
ship is anticipated between the Young’s modulus decrease and the
linear swelling by point defect accumulation with a correlation fac-
tor of �10, implying �7% decrease in Young’s modulus at 300 �C
after the swelling saturation at slightly over 2% in volume.

4.3.2. In-plane strength
4.3.2.1. Non-irradiated properties. The PLS is considered to be the
stress at which the matrix microcracks develop and start to open,
accompanying fiber–matrix debond while the bridging fibers re-
main largely intact. The composites studied mostly exhibited the
tensile PLS in the vicinity of 110 MPa, when tested using miniature
beam specimens, excluding data for materials with unusually low
density. The effects of specimen dimensions on the tensile proper-
ties are briefly discussed later. In Fig. 20, the tensile PLS is plotted
against the apparent mass density, clearly indicating the positive
correlation between these two composite attributes. The figure
also shows no obvious difference in the PLS between the 2D com-
posites made with HNLS and SA3 fibers, despite the significant dif-
ference in surface roughness between the two fibers.

The UTS values fell in the range 250–350 MPa for most compos-
ites evaluated or reported in literature. The UTS for a uni-direction-
ally reinforced continuous fiber composite with a brittle matrix is
given by Evans et al. [76] as

rUTS ¼ Vf rc �
2

mþ 1

� � 1
mþ1 mþ 1

mþ 2

� �
; ð9Þ

where rc and m denote the Weibull scale and shape parameters,
respectively, for the fiber strength. The typical volume fraction of
aligned fibers (�19%) and measured fiber strength properties (rc = -
�2.6 GPa for HNLS and �2.0 GPa for SA3, and m = 3–4 for both fi-
bers [73]) give an estimated UTS of slightly over 300 MPa for the



Table 7
Compilation of tensile tangent modulus, proportional limit stress, and ultimate tensile stress for CVI SiC/SiC composites in irradiated conditions.

Material Irradiation
condition

Dynamic
Young’s
modulus
(GPa)

Tangent
modulus
(GPa)

Proportional
limit
stress (MPa)

Ultimate stress
(MPa)

Strain to failure
(%)

No. of
tests

Ref.

SA3/PyC150-A Unirradiated 254 (11) 204 (14) 119 (20) 278 (22) 0.24 (0.03) 20
830 �C, 5.9 dpa 249 (20) 203 (18) 106 (15) 304 (38) 0.32 (0.06) 5
1270 �C, 5.8 dpa 248 (9) 212 (32) 96 (18) 274 (28) 0.26 (0.04) 6

SA3/PyC50-A Unirradiated 273 (12) 232 (27) 105 (9) 287 (16) 0.22 (0.03) 8
830 �C, 5.9 dpa 273 (–) 200 (–) 101 (–) 269 (–) 0.23 (–) 1
1270 �C, 5.8 dpa 267 (15) 218 (13) 122 (21) 279 (7) 0.23 (0.01) 5

SA3T/PyC150-A Unirradiated 250 (16) 204 (20) 100 (17) 318 (33) 0.29 (0.05) 13
830 �C, 5.9 dpa 239 (14) 185 (27) 109 (17) 273 (38) 0.25 (0.06) 5

HNLS/PyC150-A Unirradiated 224 (11) 151 (17) 79 (21) 343 (4) 0.85 (0.12) 4
830 �C, 5.9 dpa 202 (12) 145 (20) 77 (18) 309 (14) 0.73 (0.05) 8
1270 �C, 5.8 dpa 192 (8) 169 (14) 79 (15) 290 (17) 0.76 (0.09) 4

HNLS/PyC50-A Unirradiated 217 (22) 163 (23) 85 (8) 306 (15) 0.74 (0.08) 8
830 �C, 5.9 dpa 216 (21) 163 (23) 85 (8) 306 (15) 0.74 (0.08) 8
1270 �C, 5.8 dpa 189 (13) 164 (23) 70 (18) 300 (13) 0.76 (0.08) 8

HNLS/ML-A Unirradiated 210 (18) 176 (12) 107 (15) 230 (22) 0.20 (0.03) 6
830 �C, 5.9 dpa 206 (15) 185 (25) 103 (18) 249 (28) 0.27 (0.06) 6
1270 �C, 5.8 dpa 208 (10) 177 (25) 100 (18) 234 (21) 0.27 (0.06) 6

HNLS/PyC150-B Unirradiated – 257 (37) 110 (15) 378 (51) 0.61 (0.10) 12
830 �C, 5.9 dpa 225 (6) 204 (37) 113 (15) 295 (36) 0.60 (0.12) 6
1270 �C, 5.8 dpa 283 (11) 231 (14) 104 (12) 339 (40) 0.74 (0.14) 4

SA3-P120/PyC150 Unirradiated 129 (21) 103 (22) 69 (28) 141 (60) 0.20 (0.10) 10 Nozawa et al.
[69]

830 �C, 5.9 dpa 112 (19) 90 (13) 62 (16) 129 (33) 0.25 (0.10) 5
HNLS/ML-F Unirradiated – 226 (27) 94 (18) 281 (24) 0.28 (0.07) 15 Katoh et al. [73]

1000 �C, 5.3 dpa – 243 (37) 136 (25) 243 (41) 0.17 (0.06) 20
220–350 �C, 0.48–
0.96 dpa

– 212 (38) 116 (15) 229 (39) 0.17 (0.05) 8

480–610 �C, 1.6–2.8 dpa – 213 (28) 113 (18) 182 (30) 0.12 (0.04) 11
SA3/ML-F Unirradiated – 218 (32) 112 (30) 266 (33) 0.22 (0.05) 10 Katoh et al. [73]

380–420 �C, 0.31–1 dpa – 220 (44) 106 (40) 241 (38) 0.21 (0.04) 9
460–530 �C, 1.2–1.8 dpa – 211 (19) 89 (19) 269 (21) 0.26 (0.04) 11
610–780 �C, 1.9–3.5 dpa – 207 (21) 88 (17) 248 (28) 0.26 (0.05) 15

SA3/PyC40, #1266 Unirradiated – 257 (32) 76 (31) 218 (18) – 6 Ozawa et al. [87]
740 �C, 3.1 dpa – 216 (11) 80 (9) 241 (30) – 3
750 �C, 12 dpa – 198 (19) 112 (12) 209 (11) – 3

HNLS/PyC40,
#1272

Unirradiated – 253 (25) 98 (17) 227 (27) – 10 Ozawa et al. [87]

740 �C, 3.1 dpa – 222 (33) 107 (9) 210 (18) – 3
750 �C, 12 dpa – 200 (5) 100 (18) 220 (16) – 4

Fig. 19. Tensile and dynamic Young’s moduli for irradiated CVI SiC/SiC composites
normalized to the unirradiated values. Vertical error bars indicate one standard
deviation. Horizontal error bars indicate ranges of nominal irradiation temperature.
Irradiation temperatures are slightly offset for visibility. The dashed line indicates
prediction based on assumed modulus–swelling relationship (see text for
discussion).

Fig. 20. Correlation between composite density and tensile proportional limit
stress.
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HNLS composites and slightly over 250 MPa for the SA3 composites.
Thus, the UTS values theoretically predicted for uni-directional
composites agree reasonably well with the values measured for
the 2D composites.



Fig. 21. Representative stress–strain evolutions during tensile tests of 2D near-stoichiometric SiC fiber CVI SiC matrix composites at room temperature in unirradiated
condition. Intermittent unloading–reloading sequences were incorporated to examine matrix cracking, permanent strain, residual stress, and hysteresis response.

Table 8
In-plane Poisson’s ratios and shear properties for 2D SiC fiber CVI SiC matrix composites [71].

Material Loading mode Poisson’s ratio Tangent
modulus (GPa)

Shear
modulus (GPa)

Proportional limit
shear stress (MPa)

Ultimate shear
stress (MPa)

Ref.

SA3/PyC150-E Tensile, 0� 0.13 (0.02) 263 (21) 116 (11)a Nozawa et al.[71]
Tensile, 45� 0.25 (0.01) 220 (23) 88 (10)a

Compressive, 0� 0.13 (0.01) 289 (4) 131 (3)a

Compressive, 45� 0.23 (0.00) 249 (14) 107 (6)a

Iosipescu, 0� 99 (14) 132 (31) 153 (34)

a Calculated from Poisson’s ratio and tangent modulus.
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Typical stress–strain curves recorded during tensile tests of
the composites are presented in Fig. 21. Intermittent unloading–
reloading sequences were incorporated in all of these tests in
order to determine the matrix crack accumulation, residual mis-
match stress, permanent strain, and the interfacial sliding stress
parameters based on the hysteresis responses. Details of these
hysteresis analyses are found in other publications [111,112].
The intermittent unloading–reloading may possibly introduce
additional damage as compared to monotonic loading, though
Katoh et al. have shown insignificant effects on the tensile
properties determined due to a limited number of unloading–
reloading sequences [73].

As shown in Fig. 20, the HNLS composites generally show an
extensive second linear segment in the tensile stress–strain behav-
ior, whereas the SA3 composites tend to fail before the apparent
matrix crack saturation is achieved. This difference is attributed
to both a somewhat lower tensile strength and a larger interfacial
sliding stress due to the enhanced surface roughness of the SA3 fi-
ber. The previous study indicated that a PyC layer thickness greater
than �250 to �650 nm is needed for the 2D SA3 fiber composites
to achieve the extensive second linear behavior. The HNLS/ML
exhibits similar tensile behavior to the SA3 composites, implying
higher-than-optimum interfacial sliding stress. This indicates that
the critical thickness of the PyC interphase for fully graceful failure
of HNLS composites lies between �20 nm, the thickness of the
innermost PyC layer in the ML interphase in this work, and
�50 nm that has been shown to enable matrix crack saturation
in this and previous [46] works. Beyond 50 nm, it has been shown
that there is only very minor effects for PyC interphase thicknesses
up to �300 nm on PLS or UTS of near-stoichiometric CVI SiC/SiC
[113]. The results of this study further confirmed this observation
for the 2D HNLS fiber composites. The SA3-P120/PyC150-A com-
posite exhibited poor tensile properties due primarily to the low
axial fiber loading.
In-plane shear properties are generally evaluated by the Iosip-
escu method (ASTM C1292) or the off-axial tensile method [114].
In the latter case, without considering the mixed failure mode
criteria (e.g., Tsai-Wu criteria [115]), the obtained data are al-
ways underestimated regardless of material type or fabric archi-
tecture [71]. In contrast, the Iosipescu method, which can
theoretically produce a purely shear in-plane stress field across
the tested cross-section of concern, is more beneficial. Table 8
lists in-plane shear modulus and in-plane shear stress obtained
by the Iosipescu method. Similar to the tensile case, the stress–
strain curve generally shows initial linearity, followed by a
non-linear section due mainly to progressive accumulation of mi-
cro-cracks beyond the proportional limit. The main crack then
propagates between two notches at the maximum stress. In
many cases, the tortuous crack path provides some biases on
the data, requiring this issue to be carefully discussed in precise
evaluation of the data.

Table 8 also lists the elastic properties, that is, tangent modulus
and Poisson’s ratios, by various test modes and loading directions.
The elastic modulus generally decreases with increasing loading
angle apart from the fiber longitudinal direction and vice versa
for the Poisson’s ratio. It is well known that the anisotropy of the
elastic properties of most types of composites can simply be de-
scribed using classical theories, that is, the rule of mixtures [108]
and the ply theory [109]. The same is true for the nuclear-grade
SiC/SiC composites.

4.3.2.2. Effects of gauge dimensions on in-plane tensile properties. For
most irradiation studies, test specimens are used that are signifi-
cantly smaller than the standard specimens recommended in the
ASTM test standards or that are used in standard practices. Such
compromises are in most cases inevitable because of the space
availability (or affordability) in irradiation vehicles. Therefore, it
is important to establish understanding of the effects of test



Fig. 22. Effects of neutron irradiation on tensile proportional limit stress for various
2D CVI SiC/SiC composites. Irradiation conditions are 5.9 dpa at 830 �C and 5.8 dpa
at 1270 �C. Error bars indicate ± one standard deviation.

Fig. 23. Effects of neutron irradiation on ultimate tensile stress for various 2D CVI
SiC/SiC composites. Irradiation conditions are 5.9 dpa at 830 �C and 5.8 dpa at
1270 �C. Error bars indicate ± one standard deviation.

Y. Katoh et al. / Journal of Nuclear Materials 448 (2014) 448–476 465
specimen dimensions on the composite properties, in particular
strength.

From many studies of the specimen size effect on various types
of SiC/SiC composites through different processing routes [116–
118], it is understood that there is no marked gauge size effect
shown for the axial (0� loading) tensile strength in the case where
at least a few numbers of the unit structure (e.g., fiber bundle inter-
val) are included in the gauge. For the typical 2D woven fabric SiC/
SiC composites with nt = �0.6 mm�1 in-plane and np = �4 mm�1

through-thickness, tensile test specimens with a gauge width
>�3 mm and a thickness >�2 mm are commonly used for neutron
irradiation studies and have been demonstrated to provide on-axis
tensile properties that are reasonably reproducible and compara-
ble with the properties obtained using larger test specimens.

Conversely, if the specimen size is nearly equivalent to or smal-
ler than the structural unit size, the actual fiber volume fraction
and porosity significantly vary and unevenly distribute, resulting
in apparent effects on the on-axis strength properties such as in-
plane PLS and UTS. However in such cases, it has been shown that
the PLS and UTS values still reasonably represent the properties of
larger test specimens when normalized to the actual axial fiber
volume fractions measured for individual test specimens
[116,117].

Contrary to the tensile strength in one of the principal fiber ori-
entations, the off-axis in-plane tensile strength seems to decrease
as the specimen width decreases, particularly to below twice the
unit cell width [116,118]. Typical fracture surfaces after off-axis
tensile failure show the main crack propagation along the fibers
rather than perpendicular to the loading direction. This indicates
the importance of the roles of the in-plane shear and inter-laminar
detachment modes, both of which are considered as major failure
modes, and/or combined effects (e.g., tensile, compressive, in-
plane shear, and inter-laminar detachment). In a separate discus-
sion of the size effect on the in-plane shear properties by the Iosip-
escu tests, which can theoretically generate the pure in-plane
shear stress field in the composites, no noticeable specimen width
effect was reported [116,118]. Alternatively, the inter-laminar
shear detachment mode will impact the results, but the extent of
the impact is presently uncertain. Further investigation is therefore
necessary to find the key mechanism. In contrast, no notable spec-
imen length and thickness effects are obtained.

4.3.2.3. Effect of irradiation. Table 7 summarizes the effects of neu-
tron irradiation on the in-plane tensile properties of the nuclear-
grade CVI SiC/SiC composites from the present work and found
in the literature [69,73,87]. In general, it is safe to say that there
are not substantial effects of neutron irradiation on the tensile
strength properties in the irradiation conditions tested. In fact,
the difference between the pre-irradiation and post-irradiation
values for PLS or UTS for these composites barely exceeds one stan-
dard deviation, as seen in Figs. 22 and 23, which visualize the ef-
fects of irradiation on the tensile PLS and UTS, respectively.
Furthermore, no significant or detrimental effects of irradiation
on the tensile load–displacement curves have been noted or re-
ported [68].

As discussed above, the composite UTS is governed ideally by
the statistical strength properties of the fibers alone. Thus the
insensitivity of UTS to irradiation implies lack of irradiation ef-
fects on the in situ strength of either type fiber, if not strengthen-
ing. Some of the data published in literature indicate a slight
increase in UTS for similar composites after neutron irradiation
[73,119], implying slight irradiation-induced strengthening for
these fibers.

The composite proportional limit is considered to approxi-
mately correspond with the condition in which a transverse crack
is developed in the matrix surrounding 0� fiber bundles, or 0�
minimatrix [74]. When elastic moduli for the matrix and fibers
are given and constant, tensile stress loading to the 0� minimatrix
is determined solely by the tensile stress to composite and resid-
ual thermal stress. According to a model by Curtin [120], the cri-
terion for cracking of the 0� minimatrix is proportional to the 1/3
power of the interfacial sliding stress and the matrix fracture en-
ergy, again with elastic moduli remaining constant. Katoh et al.
showed the decrease in residual thermal stress, which is caused
by irradiation lowering the matrix cracking stress, is compensated
by the likely increase in true matrix cracking stress by irradiation
[68]. The irradiation-induced increase in fracture toughness of
CVD SiC has been discussed and perceived likely [17,121]. The ef-
fects of irradiation on the interfacial sliding properties will be dis-
cussed later.



Table 9
Statistical tensile properties for selected near-stoichiometric SiC fiber CVI SiC matrix composites in 2D architectures.

Materiala PLS (MPa), normal
average

PLS,
CVb

PLS (MPa), Weibull
char.

PLS, Weibull
modulus

UTS (MPa), normal
average

UTS,
CVb

No. of
tests

Ref.

SA3/PyC50&150-A 113 0.16 120 7.5 280 0.08 28 –
HNLS/PyC50&150-

A
83 0.15 88 7.3 318 0.04 12 –

SA3T/PyC150-A 100 0.17 107 6.9 318 0.10 13 –
HNLS/PyC150-B 110 0.14 117 7.9 378 0.13 12 –
HNLS/PyC150-D 111 0.13 117 11.0 346 0.11 30 –
HNLS/PyC150-D

(±45�)
121 0.19 129 6.0 206 0.09 15 –

SA3/PyC150-D 107 0.20 116 5.8 249 0.09 15 –
SA3/ML-F 112 0.27 127 3.7 266 0.12 10 Katoh et al.

[73]
HNLS/ML-F 94 0.19 101 5.8 281 0.09 15 Katoh et al.

[73]

a Test orientation is 0�/90� unless otherwise noted.
b Coefficient of variation.
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4.3.3. Statistical strength
A comprehensive study on the statistical mechanical properties

of a continuous SiC fiber composite was performed by Gonczy and
Jenkins for Sylramic S-200, a 2D ceramic-grade Nicalon-reinforced
silicon carbonitride matrix composite [122]. The results of the
study indicate that the statistics for the UTS is best described by
a normal or lognormal distribution but is only poorly described
by the two-parameter Weibull distribution. Based on that, the
UTS is statistically analyzed under an assumption of normal distri-
bution in this work. Note that adequacy of the assumption for two-
parameter Weibull distribution has not been validated for the PLS
either, though the two-parameter Weibull analysis is provided for
the PLS below.

Statistical tensile properties acquired in the present work are
summarized as the coefficient of variation (CV) for the PLS and
UTS and the two parameter Weibull statistic for the PLS, in Table 9.
Because the tensile properties for the composites with nominally
50 nm and 150 nm PyC interphases appeared very similar, the data
for both interphase composites were combined to maximize popu-
lation of the data set. Data from Ref. [73] for similar materials are
Table 10
Statistical tensile properties for irradiated CVI SiC/SiC composites. Statistical flexural streng

Material Irradiation
condition

PLSa (MPa), normal
average

PLSa,
CV

PLSa (MP
char.

SA3/
PyC50&150-
A

Unirradiated 113 0.16 120

800 �C, 5.9 dpa 101 0.13 107
1300 �C, 5.8 dpa 108 0.19 117

HNLS/
PyC50&150-
A

Unirradiated 83 0.15 88

800 �C, 5.9 dpa 74 0.24 81
HNLS/ML-F Unirradiated 94 0.19 101

1000 �C, 5.3 dpa 136 0.18 147
480–610 �C, 1.6–
2.8 dpa

113 0.16 121

SA3/ML-F Unirradiated 112 0.27 124
460–530 �C, 1.2–
1.8 dpa

89 0.21 96

610–780 �C, 1.9–
3.5 dpa

88 0.19 95

CVD SiC (R&Hb) Unirradiated 417 0.20 451
800 �C, 5.9 dpa 429 0.17 458
1300 �C, 5.8 dpa 412 0.18 442

a Flexural strength for CVD SiC.
b Rohm and Haas advanced materials.
shown together. Among the data sets consisting of more than 10
test populations listed in Table 9, only two data sets are based on
the test populations that are considered to be the minimum to gen-
erate the two-parameter Weibull statistics (�30). However, the
statistical tensile properties appear reasonably consistent across
materials in different production lots or with different fiber grades
or interphases.

The UTS generally suffers moderate scatter with typical coeffi-
cients of variation (CV’s) on the order of �0.1. This is due to the fact
that the UTS is determined mainly by the statistical strength prop-
erties of a large number of the reinforcing fibers, as ideally de-
scribed by Eq. (9), contrasting with the larger scatter for the PLS
that is determined by statistical cracking of a much smaller num-
ber of the mini-matrix elements.

In fact, CV’s for the PLS fall mostly in a range 0.15–0.2, with an
average of �0.18. The Weibull moduli of 6–8 correspond with
these relatively significant scatters in the PLS, with a few excep-
tions, as shown in Table 9. The data in Table 9 also suggests that
the Weibull modulus of �10 will be achievable for the PLS with a
carefully controlled fabrication process. These values also coincide
th data for high-purity CVD SiC obtained in the same experiment are shown together.

a), Weibull PLSa, Weibull
modulus

UTS (MPa), normal
average

UTS,
CV

No. of
tests

7.5 280 0.08 28

7.1 291 0.06 6
5.9 273 0.09 11
7.3 318 0.04 12

4.6 305 0.05 16
5.8 281 0.09 15
6.2 243 0.17 20
7.4 182 0.16 11

4.5 266 0.12 10
5.3 269 0.08 11

6.2 248 0.11 15

5.7 – – 30
7.2 – – 23
6.5 – – 27
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with the typical Weibull moduli for flexural strength of CVD SiC.
The Weibull modulus for high-purity CVD SiC has most commonly
been reported to be within a range of 6–10 [17].

Results of a statistical analysis on tensile properties for the irra-
diated composites are summarized in Table 10. No outstanding ef-
fects of irradiation on CV’s for UTS or PLS were observed,
confirming the general lack of significant effects on the mechanical
properties for SiC/SiC composites in this class. The lack of irradia-
tion effects on the statistical aspects of the UTS confirms the irra-
diation tolerance of the fibers in terms of the in situ statistical
strength. Although the CV’s for the PLS appear to slightly decrease
after irradiation, the changes stay within the statistical uncer-
tainty. Overall, the effects of neutron irradiation on the statistical
strength properties do not appear significant for these materials;
however, more data will be needed when the failure probability
as a function of loading condition is an important design concern.

4.3.4. Interface properties
4.3.4.1. Non-irradiated property.
4.3.4.1.1. Interface properties. Single-fiber push-out tests were con-
ducted at room temperature using a nano-indentation test system.
A thin-strip sample with a thickness of 30–220 lm was bonded on
the holder with narrow grooves. The fibers above the grooves were
then randomly selected, and each fiber was loaded by monotonic
compression. Fig. 24 shows a typical load vs. displacement curve
with schematic test images. From the figure, two push-out param-
eters, (1) a debond initiation stress (rd) and (2) a complete debond-
ing and sliding stress (rmax), are experimentally obtained. Then,
two interfacial shear properties, (1) an interfacial debond shear
strength, IDSS (ss) as a critical shear stress to induce an interfacial
crack along the bonded F/M interface, and (2) an interfacial friction
stress, IFS (sf) at the debonded interface, are calculated using these
experimental results. Of various analytical models [123–131], a
non-linear double shear-lag model with consideration of the axial
and radial anisotropy [131] was employed to determine ss with
consideration of (1) the radial dependence of the axial stresses in
both the fiber and the matrix, (2) the shear stress distribution in
the matrix, (3) the exact equilibrium equation in relating the tan-
gential stress to the radial stress at the interface, and (4) anisotropy
of the constituents. Specifically, residual stresses induced by ther-
mal expansion mismatch and by differential swelling among the fi-
ber, F/M interphase, and matrix can be discussed together in the
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(b). The load initially increases with penetration of the indenter tip, and then an interfaci
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increase of the load after sliding is due to contact of the indenter edges with matrix.
model, although the effect of dynamic phenomena such as irradia-
tion creep of SiC and PyC was ignored for simplicity. In contrast,
the updated Shetty’s model [129] was applied to determine sf for
the debonded interface. Details of the single-fiber push-out test
technique have been described elsewhere [131].

Fig. 25 shows the effects of PyC interlayer thickness on the
interfacial debond shear strength (IDSS) and the interfacial friction
stress (IFS) at room temperature for non-irradiated CVI-SiC/SiC
composites. Note that with many assumptions in analysis of the
push-out test, data scatter of the plots is due primarily to the ana-
lytical aspects such as non-uniform distribution of the pores and/or
scatter of the fiber diameter, as well as technical aspects such as
precision of the specimen surface preparation by metallographic
polishing.

For the PyC monolayer composite case, IDSS tends to decrease
with increasing PyC interlayer thickness. The trend of the IDSS
reduction is quite similar to that of the proportional limit stresses
from tensile tests [47]. For both micro- and macro-strengths, it is
well known that the thermally induced residual stress affects these
strengths. Recent parametric studies by Nozawa et al. [131] dem-
onstrated the possible degradation of the thermally induced radial
clamping stress at the F/M interface with increasing PyC interlayer
thickness when assuming that the coefficient of thermal expansion
of Hi-Nicalon Type S fiber is greater than that of CVD-SiC. For the
multilayer composites, the first PyC interlayer adjacent to the fiber
is very important in precise discussion since the main crack gener-
ally propagates along or within the first PyC layer. When summa-
rizing push-out data from the first PyC interlayer thickness, it was
found that the extrapolation of the trend of IDSS for the PyC mono-
layer composites agreed with the data point of the multilayer
composites.

In contrast, there appears no notable interlayer thickness
dependency for IFS, considering the trend taken from the results
of the PyC monolayer composites. However, the multilayered
interface composites with very thin (�20 nm) PyC layers show
twice the IFS of the PyC monolayer composites. This is because
the interfacial friction depends more on surface roughness rather
than the thermally induced residual stress [131]. In contrast, it
was reported that the effect of the surface roughness becomes very
minor if the PyC interlayer thickness exceeds the maximum fiber
surface roughness [132]. The maximum surface roughness of the
Hi-Nicalon Type S fiber is approximately 8–15 nm [132,133], and
4000

Fiber

4mm

(b)

/matrix interfacial shear evaluation (a) and a typical pushed-out fiber surface image
al debond occurs from the loading front side. With expansion of the debonded area,
d rapid displacement increase is then obtained by sliding at the interface. Further



Fig. 25. Effects of PyC interlayer thickness on the interfacial debond shear strength (a) and the interfacial friction stress (b) at room temperature. Note that the thickness of
the inner PyC adjacent to the SiC fiber is used in the plotting of multi-layered PyC/SiC interface test cases.
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therefore the present data for the PyC monolayer composites were
nearly equivalent. Since the multilayer composites have a very thin
(20 nm) PyC layers, strong friction at the F/M interface will be
anticipated. Specifically, in most cases, the main crack propagated
within the first PyC interlayer, giving a more tortuous crack path,
that is, increased surface roughness. The increased surface rough-
ness eventually raised the interfacial friction significantly.
4.3.4.2. Effect of irradiation. Fig. 26 shows the neutron irradiation
effects on the interfacial debond shear strength (IDSS) and the
interfacial friction stress (IFS) for CVI-SiC/SiC composites. At lower
dose (�10 dpa) irradiation, both IDSS and IFS first decrease with
increasing neutron dose and then approach a constant. Specifically,
it is speculated that the higher temperature (�1100 �C) irradiation
may enhance the reduction of the interfacial shear strength. This
trend is quite similar to that of the proportional limit tensile stress
of neutron-irradiated SiC/SiC composites, but of particular impor-
tance is that no significant degradation of the bulk strength was
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Fig. 26. Neutron irradiation effects on (a) the interfacial debond shear strength and (b) th
irradiation temperatures [131].
identified even though the reduction in interfacial strength was
notable [131].

The F/M interfacial properties depend significantly on the resid-
ual stress. The differential swelling among constituents (i.e., SiC fi-
ber, SiC matrix, and PyC interphase) will generate a complex stress
state at the F/M interface. Specifically, an irradiation-induced
dimensional change of carbon, for example, well-known ‘‘turn-
around’’ behavior, will have a greater effect than that observed
for SiC, the swelling of which saturates with a few dpa. By taking
swelling data of high-density isotropic carbon and high-purity
CVD-SiC, the analytical results clearly show the ‘‘turn-around’’
behavior of the irradiation-induced residual stress [131]. This pre-
liminary analysis includes some uncertainty in assumptions be-
cause of data scarcity such as irradiation creep, but it clearly
shows good agreement with the trend of the push-out test results.

Katoh et al. claimed that a reduction in the proportional limit
tensile stress by neutron irradiation does not imply a reduction
in the true matrix cracking stress [68]. Alternatively it is reasonable
to assume the possible irradiation-enhanced modification of the
(b)
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e interfacial friction stress. Note that the numbers embedded in the figures show the



Y. Katoh et al. / Journal of Nuclear Materials 448 (2014) 448–476 469
residual stress at the F/M interface to be similar to the irradiation-
induced change of the interfacial shear properties. In contrast, the
recent high-dose irradiation study implies probable deterioration
of the Hi-Nicalon Type S fiber itself, as well as interfacial degrada-
tion by irradiation up to 70 dpa, although further investigations are
necessary to support this conclusion [100].

4.3.5. Trans-plane strength
4.3.5.1. Inter-laminar shear strength. Results from the present inter-
laminar shear strength (ILSS) evaluation as determined by the dou-
ble-notched shear test are summarized in Table 11 for the unirra-
diated condition. All the SA3 2D composites exhibited similar
values of shear strength at 30–35 MPa despite the different fiber
thickness, interphase coating, and different yarns. The HNLS/ML
composite has a shear strength of �23 MPa. The HNLS/PyC150
and PyC50 composites exhibited significantly lower ILSS values
of �10 MPa. All three HNLS composites evaluated were of high-
er-than-usual porosity, as shown in Table 2, and in particular, the
HNLS/PyC150 and PyC50 suffered distinctively large inter-laminar
porosity, as shown in Fig. 6.

ILSS of CVI SiC/SiC reinforced with either UD HNLS or UD SA3
fiber, with various coatings, has been evaluated [113] by the same
method. The results showed that there was no significant differ-
ence among the shear strength values between the two fiber
grades or among different interphase coatings with the measured
ILSS values over the range of 54–63 MPa. This report suggests that
the variation in ILSS observed in the present study is due primarily
to the porosity effect. The significantly higher ILSS for the UD com-
posites likely reflects the lack of large inter-laminar pores in the
uni-directional architecture.

It is known that the ILSS of 2D SiC/SiC may be affected by the
interphase thickness. Lara-Curzio has demonstrated that the ILSS
of a CG-Nicalon reinforced CVI-SiC matrix composite significantly
decreases when the interphase PyC thickness is increased from
0.3 lm to 1.1 lm [134]. This trend is explained by the observation
that when a critical thickness is reached, the interphase itself be-
comes the weakest link replacing the matrix pores. In this study,
the ILSS is not affected by PyC coating thicknesses of 150 or
50 nm for either fiber grade, suggesting that the critical interphase
thickness is greater than 150 nm.

Detailed fracture surface examination revealed that failure oc-
curs when cracks connect large inter-laminar pores of high-poros-
ity composites, whereas the cracks propagate through (and/or
originate within) the transverse fiber tows in low-porosity com-
posites. Therefore, the ILSS for these materials with adequate ma-
trix densification is anticipated to be in the 30–35 MPa range.
These values appear comparable with the ILSS of 36 ± 6 MPa re-
Table 11
Inter-laminar shear (or trans-plane) strength for various CVI SiC/SiC composites as
determined by double-notch shear test per ASTM C1292-00. See text for explanation
for anomalously low strength of the two Hi-Nicalon Type S composites.

Material Condition ILSSa (MPa) No. of valid tests

SA3/PyC150-A Unirradiated 30.1 (3.3) 6
830 �C, 5.9 dpa 26.6 (6.7) 4
1270 �C, 5.8 dpa 30.7 (2.4) 4

SA3/PyC50-A Unirradiated 31.5 (4.0) 5
1270 �C, 5.8 dpa 27.2 (3.3) 5

SA3T/PyC150-A Unirradiated 33.4 (5.9) 5
HNLS/PyC150-A Unirradiated 10.7 (5.7) 8

830 �C, 5.9 dpa 11.4 (2.6) 4
1270 �C, 5.8 dpa 11.1 (2.3) 4

HNLS/PyC50-A Unirradiated 8.3 (3.8) 5
HNLS/ML-A Unirradiated 23.3 (5.5) 8
SA3-P120/PyC150 Unirradiated 24.8 (3.5) 6

a Inter-laminar shear strength or trans-plane shear strength (numbers in
parentheses denote standard deviations).
ported for high-density melt-infiltrated SiC/SiC composites in 2D
architecture [135]. Because of the crack propagation path that is
through the fabric planes in the adequately matrix-densified com-
posites, the term trans-plane shear strength may be more appro-
priate than the commonly used ILSS.

The Hybrid 3D composite exhibited an ILSS of �25 MPa, which
is slightly lower than that exhibited by the SA3 2D composites, de-
spite the presence of trans-thickness graphite fibers. This low ILSS
measured for the hybrid 3D composite may be attributed to the
extensive matrix cracking introduced by the thermal expansion
mismatch between the SiC matrix and the graphite fibers.

There is no statistically significant change in the ILSS following
neuron irradiation up to a fluence of 5.9 dpa at temperatures up to
1270 �C for all the materials studied, as shown in Table 11. Even
though the interphase properties presumably degrade at this flu-
ence and temperature [63,131], the apparent inter-laminar shear
strength of the composites is retained. This result supports the
observation that the trans-laminar shear failure is determined by
the crack propagation from the pore surfaces or fiber tows through
the intact matrix.

4.3.5.2. Trans-thickness tensile strength. As described in Section 3.1,
the trans-thickness tensile strength (TTS) was determined by the
diametral compression of truncated disc specimens. In this test
method, historically, the calculated tensile stress at the center of
the specimens at the apparent failure in the load–displacement re-
cord has been used as the nominal TTS for the test specimens.
However, the first cracking as detected by a pair of strain gauges
attached to both flat faces of the test specimen was found to be sig-
nificantly lower than the stress at the apparent failure [136].
Therefore, in Table 12, the stress at the first cracking is shown to
better represent the true TTS, while the stress at apparent failure
is also presented for comparison with the previous data. The cur-
rent result shows the TTS of 20–25 MPa and the apparent failure
stress of 30–35 MPa for the SA3/PyC150 composite, regardless of
the neutron irradiation. The CV’s appear comparable with those
for the in-plane tensile PLS.

2D SiC/SiC composites with CVI SiC matrices were tested in a
similar manner by Hinoki et al. [82]. The reported TTS values,
25–31 MPa for the SA3 fiber composite and 18–27 MPa for the
HNLS fiber composite, appear consistent with the present results
of the apparent failure stress. They also reported the negative cor-
relation between the TTS and the porosity and the insensitivity of
porosity-normalized TTS to the interphase thickness up to
�500 nm. The fracture surface presented in Fig. 27 exposes the
interior of the fiber tows, indicating that the major cracks are prop-
agating through and/or initiating from inside the fiber tows [137].
This observation, along with the negative porosity-TTS correlation,
indicates the importance of the matrix surrounding the fiber tows
in determining the TTS.
Table 12
Trans-thickness tensile strength for near-stoichiometric SiC fiber CVI SiC matrix
composites in 2D architectures as determined by diametral compression test.

Material Irradiation
condition

First cracking stressa

(MPa)
Failure stressb

(MPa)

Average (SDc) #d Average (SD) #

SA3/PyC150 Unirradiated 23.9 (5.4) 3 34.1 (3.2) 4
830 �C, 5.9 dpa 25.4 (11.3) 3 34.8 (6.2) 5
1270 �C, 5.8 dpa 20.5 (0.9) 4 29.7 (2.8) 5

a Considered to correspond with straight trans-thickness tensile strength.
b Shown to allow comparison with historical data.
c Standard deviation.
d Number of valid tests.



Fig. 27. Typical fracture surface of SA3/PyC150 specimens after diametral com-
pression trans-thickness tensile test. The inset shows extensive fiber breakage after
the intra-tow failure.
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Moreover, Hinoki et al. studied the TTS for UD SiC/SiC compos-
ites by both the diametral disc compression method and the
straight tensile test using adhesive bond per ASTM C1468 [113].
The strength values obtained were 26.9 MPa and 20.2 MPa for
the straight TTS of HNLS and SA3 composites, respectively, and
Fig. 28. Crack-extension behavior of 2D CVI SiC/SiC composites as evaluated using single
Load–crack opening displacement (COD) curves in (a) and (b) are horizontally offset for
23.8 MPa for the diametral compression TTS of the same SA3 com-
posite, showing a good agreement between results from the two
test methods. The fact that the UD composites exhibited signifi-
cantly higher ILSS than the similar 2D composites while the TTS
appeared similar for UD and 2D composites implies the key role
of the transverse fiber tows in the trans-plane shear failure of the
2D composites.

Table 12 also summarizes the TTS properties of the SA3/PyC150
after neutron irradiation. The results show a negligible effect of
irradiation at 800 �C and only a very slight effect (if at all) at
1270 �C. This observation supports previous findings that the TTS
is determined primarily by the matrix, which is insensitive to irra-
diation in terms of strength or toughness.

Overall, it is conceivable that the trans-plane strength proper-
ties of the 2D composites are determined by the intrinsic tough-
ness of the CVI SiC matrix and the morphological features and
porosity of the matrix, as determined by the fabric architecture,
lay-up scheme, and the degree of densification. Large interlaminar
and/or mesh pores may act as the fracture origin. However, the fi-
ber tows incorporating a network of the low-strength carbon inter-
phase may also act as flaws in the matrix continuum.
4.3.6. Damage tolerance
The damage tolerance properties of CVI SiC-matrix composites

and the toughening mechanism of composites by fiber bridging
(i.e., rising R-curve behavior) have been summarized in Refs.
-edge notched beam specimens in unirradiated and irradiated conditions [142,143].
visibility.
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[86,138], respectively. According to these references, two basic ap-
proaches are mainly adopted for the analysis of experimental re-
sults: (a) extended linear elastic fracture mechanics (LEFM) and
(b) energy-based non-linear fracture mechanics. In either case,
two issues must always be considered: (1) to what extent the LEFM
is applicable to the complex failure behavior of composites and (2)
whether ‘‘effective’’ crack length by the compliance method, which
is based on the LEFM and inherently for homogeneous materials,
can be representative of actual crack length. Additionally, for the
irradiation study, issues associated with the use of small specimens
need to be addressed.

As the practical procedure to estimate the reasonable damage
tolerance of ceramic matrix composites, Nozawa et al. proposed a
model of the composite damage progression [84,139]. This model
relies on analytical models of non-linear fracture mechanics
[84,140,141] using global energy balance, making it suitable for
the nuclear-grade SiC/SiC composites that exhibit quasi-ductile
failure. Quantification of damage tolerance was defined as fracture
resistance G (kJ/m2) contributed by macro-crack formation energy
instead of KIc. For evaluating the crack length, microscopic observa-
tion by replica films at each damage state was chosen. The results
of Mode I damage tolerance tests conducted are given below.

Technical detailed procedures and the results of the damage tol-
erance evaluation in the current experiment are summarized and
published elsewhere by Ozawa et al. [142,143] As the typical
load–crack opening displacement (COD) evolutions during the
SENB damage tolerance tests are shown in Fig. 28, the HNLS com-
posites in unirradiated and irradiated conditions exhibited the typ-
ical quasi-ductile fracture behavior. Microscopy examination of the
replica films taken intermittently from the SENB specimens re-
vealed the three distinct stages in the fracture process: (i) micro-
cracking-enabled deformation around the notch tip without
macro-cracking, (ii) initiation and linear extension of a macro-
crack, and (iii) macro-crack branching and progressive failure of
the bridging fibers.

In the HNLS/PyC150-A and HNLS/PyC50-A composite curves,
the hysteresis loops of load–COD unloading/reloading sequences
did not close at the end of the tests. The replica film observation
revealed that compressive failure had occurred at a support pin
due to the relatively high porosity, and the cracks originated there
propagated with increasing displacement toward the end of the
tests. Moreover, the SA3 composites exhibited the significantly less
quasi-ductile behavior, contributed by the higher interfacial
strength. The very rapid crack propagation across the specimens
prohibited detailed analysis of the progressive damage evolution.
Particularly, the SA3T/PyC150-A composites failed in a brittle man-
ner, whereas the other SA3 composites did not.

Analyzing the load–COD behavior based on the model [84] in
conjunction with the crack replica examination, one can estimate
the breakdowns of the work during a SENB test into elastic energy,
frictional energy dissipation at the interfaces, residual strain en-
ergy, and macro- and micro-crack surface formation energy. From
this analysis, as listed in Table 13, apparent fracture resistance as a
sum of macro- and micro-crack surface formation energy was
Table 13
Experimental data for damage tolerance properties of the 2D CVI SiC/SiC composites in unir
standard deviation.

Material Irradiation condition Gtotal (kJ/m2) Gmicro (kJ/m

HNLS/ML-A Unirradiated 3.41 (2.01) 0.34 (0.09)
830 �C, 5.9 dpa 3.48 (2.34) 0.44 (0.05)
1270 �C, 5.8 dpa 4.00 (1.81) 0.37 (0.10)

Gtotal , Gmicro , and Gmacro denote the energy release rate contributed both from macro- and
i.e., Gtotal ¼ Gmacro � Gmicro is an apparent fracture resistance of a composite.
obtained to be �3.4 kJ/m2 for the unirradiated HNLS/ML-A com-
posite. With the energy release rate contribution from micro-
cracking estimated to be on the order of �0.34 kJ/m2, the fracture
resistance for macro-cracking is estimated to be �3 kJ/m2. Signifi-
cant scatters in energy release rate of the composites are likely
attributed to the limited specimen size (the ligament length of
2 mm with 4 mm width) as compared to the weave unit cell size
(�2–2.5 mm square).

As shown in Fig. 28, no significant changes in various features of
the load–COD curves such as peak load and hysteresis loop width
were observed for either composite type following neutron irradi-
ation. For the HNLS/ML-A composite, no remarkable change in
crack length development was observed after neutron irradiation;
hence, no obvious effects of neutron irradiation on damage toler-
ance were estimated from the current model analytical result:
3.5 ± 2.3 kJ/m2 irradiated at 830 �C to 5.9 dpa and 4.0 ± 1.8 kJ/m2

at 1270 �C to 5.8 dpa. However, taking into consideration for the
tensile test results reported above, the analysis of the hysteresis
loop using the unloading/reloading tensile curves for interfacial
property estimation and this energy release rate analysis based
on non-linear fracture mechanics [143], it is reasonable to con-
clude that the effects of neutron irradiation in the current condi-
tions on the damage tolerance of these composites are
insignificant.

4.3.7. Life prediction and time-related failure
Nuclear-grade SiC/SiC composites have a robust microstructure

with regards to time-related thermal stability. All current nuclear-
grade SiC/SiC composites exhibit an inherent stability, without
consideration of irradiative effects, at temperatures up to
1400 �C, while stability can be as high as 1800 �C for some types
of nuclear-grade SiC/SiC [144–146]. This stability is primarily lim-
ited by grain growth in the fibers and an associated time-related
decrease in the properties as the grains coarsen with time. The
grain coarsening results in both a decrease in fiber strength and
an increase in fiber roughness that is detrimental to obtaining
tough composite behavior. This inherent, non-irradiated stability
is beyond the requirements of currently conceived nuclear applica-
tions; thus, the usable life of these materials will most typically be
determined by the stress state and environmental effects. Of these,
the most significant environmental factors are the presence of oxi-
dizing species (O2, H2O, CO2, etc.) and/or stress combined with ele-
vated temperatures. Life prediction is highly dependent on service
conditions. The estimates of capabilities of SiC/SiC composites in
the following discussion attempt to utilize what are believed to
be conservative estimates for the operating conditions of a high-
temperature gas-cooled reactor. These estimates have been made
to demonstrate viability and must be considered as estimates of
a likely suitable life envelope, but significant testing is required
to verify these preliminary estimates.

An overview of life-limiting mechanisms is best started by con-
sidering the effect of stress and temperature independent of other
environmental effects. Creep of SiC fibers has been well studied
[147,148]. With regards to commercially available nuclear-grade
radiated and neutron-irradiated conditions [143]. Numbers in parenthesis denote one

2) Gmacro (kJ/m2) No. of tests Ref.

3.08 (2.10) 3 Ozawa et al. [142,143]
3.04 (2.29) 2 Ozawa et al. [142,143]
3.63 (1.91) 2 Ozawa et al. [142,143]

micro-crack, only from micro-cracks, and only from the macro-crack, respectively;



Fig. 30. Estimated stress temperature limit for nuclear-grade SiC fibers for an HTGR
application involving a 60-year service life and 500-h maximum temperature event
with the only limitation being the creep of the fibers.
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SiC fibers, Hi-Nicalon Type S has superior creep resistance as com-
pared to Tyranno SA3. However, creep in CVD SiC [149] is only
measurable, >1 � 10�9 s�1, along the preferred f111g slip plane
at temperatures up to 1750 �C, and an unoriented CVI SiC matrix
is likely more creep resistant than either fiber, and undoubtedly
more creep resistant at temperatures in excess of 1350 �C. The
creep rate for NITE matrix material can reasonably be assumed
to be similar to that of Tyranno SA3 fiber due to the presence of
similar sintering aids. The controlling mechanism for steady-state
creep deformation of all these forms of SiC is diffusionally con-
trolled grain boundary sliding with different limiting diffusional
pathways [147,149]. The relative creep rates based on extrapola-
tion to lower temperatures relevant to HTGR’s are shown in
Fig. 29. In general, the creep rates for all the SiC constituent mate-
rials are low. This extrapolation to temperatures relevant to
HTGR’s presumes that there is no mechanism change at the lower
temperatures, and provides an initial estimate that the SiC materi-
als are no better than this limit. Based upon the fiber data in Fig. 29,
a stress–temperature envelope can be defined at different times.
The conservative case is that the SiC/SiC components would be ‘‘life
of the reactor’’ components with an expected service life of up to
60 years. A common normal reactor operating temperature for
planned HTGR’s that would incorporate SiC/SiC composites is
900–950 �C [150]. The ASME Boiler Code [151] provides one means
to calculate equivalent hours normalized to maximum service
temperature. Eq. (10) shows the sum of the different operating
times after normalization to the maximum operating temperature
as normalized using Eq. (11):

tequiv ¼
Xn

i¼1

ðtequivÞi; ð10Þ
log10ðtequivÞi ¼ 10þ log10ðtiÞð Þ Ti

Tmax

� �
� 10: ð11Þ

Thus a plot of stress vs. maximum service temperature can be
calculated for the intrinsic creep limitation of the composites. This
plot is shown in Fig. 30 as a function of maximum operating
Fig. 29. Extrapolated creep rates for nuclear-grade SiC/SiC constituents showing
that Tyranno SA3 is most susceptible to creep deformation, and that Hi-Nicalon
Type S may or may not be more creep resistant than CVD SiC based on temperature
and the resolution of the non-{111} orientations.
temperature for a normal service temperature of 950 �C and a
duration of 60 years. The higher creep resistance of Hi-Nicalon
Type S is evident; however, both fibers are capable of at least
69 MPa with a maximum service temperature of 1200 �C. Maxi-
mum composite stress was calculated assuming a 0.5% creep strain
limit and a nominal 36% fiber volume in a 0�/90� 2D laminate, with
the additional assumption that the entire load is carried by the fi-
bers in the stressed direction, that is, the matrix is not carrying
load. This assumption is made as the matrix material may become
cracked during service and thus is assumed have occurred at t = 0.
In addition to unintended loadings and slow crack growth that may
result in matrix cracking, stress redistribution during creep occurs
with the more creep-resistant phase increasing load as a function
of time. For a CVI SiC matrix SiC/SiC composite, the matrix stress
will increase with time and will result in matrix cracking unless
the initially applied stress is below a threshold stress such that
when the asymptotic load in the fiber is achieved, the matrix is be-
low its cracking strength. Models for determining the stress distri-
bution in a composite have been developed to aid in determining
this stress [152].

An understanding of the time-dependent behavior of the com-
posites in the environment of an HTGR is also needed. In particular,
the effects of small oxidizing partial pressures must be considered
due to the high flow rates of coolant gas. In the case of a SiC/SiC
with an uncracked matrix, the effect of the oxidizing species is
purely on the matrix and will generate a passivating oxide at con-
ditions below the passive/active oxidation threshold for SiC. In this
regime, the effect of the environment is limited to possible
enhancement of subcritical crack growth due to the time-related
formation of the oxide flaw population. Active oxidation rate of
the matrix is highly operational condition dependent and is not
of concern at temperatures below 1250 �C if the partial pressure
of oxygen is 1 Pa or more [153,154]. However returning to the
assumption that the matrix may crack, composite degradation
can occur due to oxidation embrittlement that bonds the matrix
strongly to the fibers, interfacial removal and decoupling of the
fibers that reduces load transfer in addition to the creep-related
life-limiting mechanism [155]. The effect of environmental degra-
dation on the reinforcing fiber and the change in fiber properties



Fig. 32. Larson Miller plot of Hi-Nicalon Type S/CVI SiC with a pre-cracked CVI SiC
matrix showing the effect of oxygen partial pressure and a projection to 2 Pa based
on a p0:3

O2
dependence.
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must also be considered. In particular, SiC fibers have been demon-
strated to be susceptible to environmentally assisted slow crack
growth [156,157]. Gauthier et al. showed that at moderate temper-
atures of 500–800 �C in air that the life of SiC fibers can be substan-
tially reduced by the slow crack propagation of surface defects
resulting from the consumption of carbon at the grain boundaries
and by stresses induced from the oxidation of silicon carbide at the
crack tip. This reduction can be catastrophic in that the time to fail-
ure for Hi-Nicalon Type S can be reduced to less than 1 week at
800 �C. Tyranno SA3 was found to be more resistant to this envi-
ronmental degradation, but still experienced a severe reduction
in life. Gauthier et al. found that the data followed a power law
relation of the form shown in equation:

trn ¼ A0 exp
Q

RT

� �
: ð12Þ

The A0 term can be modified to include the pressure depen-
dence and the order of the reaction as shown in Eq. (12) to consider
the effect of lower partial pressures of oxygen.

A0 ¼ A0pm
O2
: ð13Þ

Hi-Nicalon Type S/CVI SiC composites with a thin pyrolytic car-
bon fiber coating were tested in stress rupture in air and at reduced
oxygen partial pressures after pre-cracking the matrix by straining
to 0.05%. Fig. 31 shows that the oxygen partial pressure depen-
dence can be divided into two regimes. At high stress levels and
lower temperatures, the pressure dependence was found to be
nominally 1.0. In contrast, lower pressure sensitivity was identified
at low stress levels and higher temperatures, where a reaction or-
der of 0.3 was measured. It was not possible to force failure of the
composites at low stress levels and lower temperatures combined
with low oxygen partial pressures within a 500 h experimental test
time. Thus a conservative estimate on the order of a pressure
dependence of 0.3 was assumed for estimating life behavior at
lower oxygen partial pressures where failures did not occur within
the experimental test time. Two sets of stress rupture data were
accumulated at pO2

of 20 kPa and 100 Pa. This data was reduced
to a single time/temperature parameter using Larson–Miller crite-
ria of

LMP ¼ Tðlog10ðtÞ þ 22Þ; ð14Þ
Fig. 31. Stress rupture dependence on oxygen partial pressure of Hi-Nicalon Type S/
CVI SiC with pre-cracked matrix showing two regimes m = �1 at lower tempera-
tures and high stress levels and m = �0.3 at higher temperatures and lower stress
levels.
where T is the absolute temperature, and t is the stress rupture life
in hours. Fig. 32 shows this data along with an extrapolated behav-
ior to 2 Pa oxidizing partial pressure expected in an HTGR. Applica-
tion of this Larson–Miller plot at 2 Pa must be restricted at least by
conditions where active oxidation is not dominant, <1250 �C. Utiliz-
ing the same equivalent hours method of Eqs. (10) and (11), the
LMP value required would be 37,719 to meet the HTGR service con-
ditions of 950 �C for 60 years with maximum operating tempera-
ture of 1250 �C for 500 h. The stress level estimated to correspond
to this at 2 Pa oxidizing pressure is 480 MPa fiber stress, which con-
servatively assuming that the cracked matrix carries no load would
correspond to a composite stress of 86 MPa for a 36% fiber volume
0�/90� Hi-Nicalon Type S/CVI SiC composite. Thus the introduction
of the environment is significantly expected to reduce the load-car-
rying capacity of Hi-Nicalon Type S as compared to creep limitation.

Thus, for the example case of an HTGR with a 60-year life and a
normal reactor temperature of 950 �C, a 36% fiber volume, 0�/90�
fabric-based nuclear-grade Hi-Nicalon Type S/CVI SiC composite
can meet the requirements under a low oxidizing partial pressure
with maximum temperature event(s) of not more than 1250 �C and
a 90 MPa maximum stress level, and at one estimate [158] of
1150 �C for maximum material temperature, a maximum stress le-
vel of 110 MPa is acceptable. For comparison, a Tyranno SA3/CVI
SiC composite would be limited by at least creep to a 52 MPa stress
level. For design, these stress levels would be subject to either a
statistical variance, based on the lowest measured data point, or
other material property factor of safety.
5. Summary and conclusions

The primary purpose of this work was to provide a summary
compilation of properties for continuous near-stoichiometric SiC
fiber-reinforced, CVI SiC-matrix composites in as-fabricated and
neutron-irradiated conditions. Included in this compilation was
significant new work on the properties of such materials neu-
tron-irradiated at elevated temperatures. Typical properties of
composites with the 2D 0�/90� layup architecture are summarized
in Table 14.



Table 14
Summary to typical properties for nuclear-grade CVI SiC/SiC composites in flat, orthotropic, 2D lay-up architectures.

Property Unirradiated Neutron-irradiated

Density/fiber volume fraction/swelling 2.5–2.7 g/cm3 at RT for most materials Swelling in a very similar manner to CVD SiC (Figs. 7 and
8, Eqs. (3) and (4))15–20% porosity

35–40% fiber volume fraction
Thermal expansivity (CTE) Same with CVD SiC (Fig. 8) Very minor effect of irradiation (Fig. 9) (apparent CTE

changes as defect anneals at T > Tirr)
Specific heat (Cp) Very similar with CVD SiC No change assumed by irradiation (apparent Cp may

change as defect anneals at T > Tirr)
Thermal diffusivity (a)/conductivity

(K)
At RT, K = 8–15 W/m K for HNLS and 15–24 W/m K for SA3
composites

Eq. (6) and Fig. 12

For T > RT, d(1/a)/dT = 0.02 ± 0.005 s/cm2 K See discussion in Section 4.2.2.2
Electrical conductivity Highly tailorable (see Section 4.2.3.1). Typically 5–20 S/m

through-thickness and 100–500 S/m in-plane at RT < T < �800 �C
Irradiation effect not very significant

Young’s modulus 200–280 GPa at RT (in-plane) Minor decrease; DE/E0 = �(swelling)/3 � �10
Poisson’s ratio �0.13 for 0�/90�, �0.25 for ±45� (in plane) No significant change anticipated
Proportional limit stress (in-plane) Mostly 90–120 MPa No significant irradiation effect
Ultimate tensile strength (in-plane) 250–350 MPa for 0�/90� No significant irradiation effect

Significant orientation dependence
Statistical strength (in-plane) For PLS, CV = 0.15–0.2, Weibull modulus 6–8 No significant irradiation effect

For UTS, CV = �0.1
Trans-laminar shear strength 25–35 MPa No significant irradiation effect
Trans-thickness tensile strength 20–25 MPa No significant irradiation effect
Damage tolerance Macro-crack propagation resistance estimated to be �3 kJ/m2 No significant irradiation effect
Time-dependent failure Larson–Miller approach is proposed. See discussion in Section

4.3.7
Not sufficiently studied
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It is worth noting that the baseline properties for nuclear-grade
SiC/SiC composites are reasonably reproducible and the statistical
data indicate small scatters in strength, particularly the in-plane
tensile strength. The effects of neutron irradiation summarized in
this work are minimal with an exception of thermal conductivity
change. This favors the design and safety analysis of nuclear com-
ponents constructed from these materials.
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